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Abstract
TWinning Induced Plasticity (TWIP) steels with low stacking fault energy and stable
face centred cubic austenitic microstructures have been developed as a promising
material for automotive applications due to their characteristic work hardening
behaviour. The present work investigates the recrystallisation and deformation
behaviours of Fe-24Mn-3Al-2Si-1Ni-0.06C TWIP steel using various diffraction techniques
and polycrystal plasticity modelling.
After 42% cold rolling reduction, transmission electron microscopy and electron backscattering diffraction (EBSD) found that a majority of grains contain a large fraction of
primary twin densities and a smaller fraction of intersecting arrangements of primary and
secondary twins. Bulk texture measurements using X-ray diffraction (XRD) returned the
distinctive α-fibre for low stacking fault energy materials; with higher intensities for Goss
( {110}001 ) compared to Brass ( {110}112 ) orientations. Micro-texture suggests a
significant contribution of slip and a possible role for micro shear banding in the
development of the Brass orientation.
The cold-rolled material was subjected to isochronal annealing at temperatures
between 600 and 850 °C for 300 s. Annealing twins contribute to recrystallisation from the
early nucleation stage as twin bulges and twin-related nuclei were observed after
annealing at 600 °C. A novel EBSD deconstruction technique was applied on partially
recrystallised samples to separate deformed, recovered, newly nucleated and growing
grains fractions. Whereas the orientations of the newly nucleated grains are similar to the
deformation texture, their subsequent growth was found to be affected by orientationdependent, stored energy considerations as well as second order twinning.
The evolution of lattice strains in fully annealed sample was tracked via in-situ neutron
diffraction during cyclic loading between strain limits of ±1%. The pronounced
Bauschinger effect observed upon load reversal is accounted for by a combination of the
intergranular residual stresses and the intragranular sources of back stress such as
dislocation pile-ups at the intersection of stacking faults. A modified Elasto-Plastic SelfConsistent (EPSC) model, which accounts for both intergranular and intragranular back
stresses, was applied to elucidate the contribution of various deformation mechanisms
such as perfect and/or partial slip and twinning to the deformation accommodation. The
Bauschinger effect was well captured when the reversibility of partial slip in the 112
direction is accounted for. This result indicates an important contribution of the stress-
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induced separation of partial dislocations to the Bauschinger effect at the low strain levels
employed in this study. It also raises the possibility that de-twinning events, associated
with the reversibility of slip along the 112 direction, could be occurring upon load
reversal. On the other hand, the reversibility of partial slip fails to reproduce the
experimentally observed tension-compression asymmetry as the directionality of
twinning is not accounted for. For the low strain levels investigated in the present work,
the EPSC model also predicts that the permanent softening frequently reported with the
Bauschinger effect is a geometrical or loading path effect.
A combination of EBSD and XRD was used to track the evolution of the microstructure
and texture of a fully recrystallised sample during interrupted uniaxial tensile testing. The
interaction with the stable 111 oriented grains results in preferential plastic flow in the
unstable 110 oriented grains. Consequently, the grains oriented along the 110 and
100 fibres record the highest and lowest values of intragranular local misorientation.

Schmid factor analysis highlights the feasibility of twin nucleation at high strains via
extrinsic stacking faults in the near- 100 -oriented grains that are nominally regarded as
being unfavourably oriented for twinning. The Visco-Plastic Self-Consistent (VPSC) model
was used to simulate the macroscopic stress-strain response as well as track the evolution
of bulk crystallographic texture by detailing the contributions of perfect and/or partial
slip, twinning and latent hardening. The simulations revealed the dominant role of perfect
slip and the limited volume effect of twinning on the texture development. The stability of
various orientation subjected to uniaxial tension was examined via the VPSC model. While
the 100 fibre remains stable and does not affect unstable orientations, the orientations
along the stable 111 fibre strongly affect the unstable orientations along the 110 fibre.
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Chapter 1
Introduction

Steels represent ~80% (by weight) of all alloys in industrial use. With world crude steel
production reaching 1.5 billion tonnes in 2012, the global market demand for advanced
steels is predicted to double every decade to 2050. Almost one quarter of the steel
production is consumed by the automotive industry; such that despite the developments
in light metals, typical passenger car comprise ~65% iron and steel alloys by weight.
Consequently, the rapid and on-going changes within the automotive industry related to
its needs, applications and policy regulation will continue to drive the research and
development directions of the iron and steel industry.

Figure 1. Schematic of advanced high-strength steels (TWIP, TRIP, DP+CP, MS) compared
to traditional low-strength (IF, MILD, IS) and high-strength (IF-HS, BH, CMn, HSLA) steels.

With respect to policy regulations, the enhancement of passenger safety, improving the
fuel economy and reducing CO2 emissions are some of the most demanding requirements
for the present-day carmakers. In order to meet these objectives, a variety of Advanced
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High Strength Steels (AHSS) have been developed such as Dual Phase (DP) steel,
Interstitial Free (IF) steel, Complex Phase (CP) steel and TRansformation Induced
Plasticity (TRIP) steel (Fig. 1).
As seen in the traditional banana curve in Fig. 1, steels conventionally exhibit high
mechanical strength and low ductility (such as DP+CP and MS steels) or high ductility at
the expense of strength (such as IF steels). In contrast, TWinning Induced Plasticity
(TWIP) steels stand out from the conventional trend by combining high strength and
ductility. Such unusual properties make TWIP steels one of the most promising materials
for automotive applications.
Evolving from the long-known line of high Mn Hadfield steels, the term TWIP steels was
coined by Grassel and co-workers at the end of the 20th century [1-3]. Through the precise
control of the high Mn content (18-30 wt%) and other alloying elements (usually Al, Si and
C), TWIP steels comprise a stable face centred cubic (fcc) austenitic phase (γ) with low
stacking fault energy (between 15-40 mJ/m2). TWIP steels are characterised by high strain
hardening rates; leading to ultimate tensile strengths of 600-1000 MPa and total
elongations exceeding 50%. As mentioned earlier, the achievement of this combination of
mechanical properties challenges the conventional perception of an inverse relationship
between strength and ductility (Fig. 1) and is mainly related to the low staking fault
energy of the austenite phase [1-3].
Dictated by the chemical composition and the deformation temperature, the staking
fault energy level controls the deformation accommodation modes1 as shown
schematically in Fig. 2.
At very low staking fault energy values (~<15 mJ/m2), the austenite phase is unstable
such that it transforms to martensite during room temperature deformation. Phase
transformation occurs to either hexagonal close packed (hcp) ε-martensite “γ → ε” or,
body centred cubic (bcc) α′-martensite. The latter is promoted by lower values of staking
fault energy or at higher strains and can occur via two possible routes: γ → α′ or γ → ε →
α′.
At low staking fault energy values (~15-40 mJ/m2), the austenite phase remains stable
and deformation twinning is instigated along with dislocation glide during room

It is noted that other factors such as the grain size, grain orientation, shear modulus and local
stress distribution may also affect the relative activity of the various deformation modes.
1
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temperature deformation2. Additionally, in low stacking fault energy fcc materials
dislocations gliding on the {111} plane in the 110 direction can easily dissociate into
112 Shockley partials bounding a stacking fault. The width of the stacking faults

increases with decreasing stacking fault energy; which in turn, hinders cross-slip and
results in limited dynamic recovery during deformation.
At higher stacking fault energy values (~>40 mJ/m2), deformation is accommodated
only via dislocation glide.

Figure 2. Dependence of deformation modes on the stacking fault energy.

To this end, the stacking fault energy not only influences the deformation modes and
the associated hardening behaviour but also dictates the evolution of crystallographic
texture during any deformation or annealing processes as outlined below.

In reality, there is an overlapping range of stacking fault energy values where martensitic
transformation and deformation twinning can be concurrent in the same alloy.
3
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1.1. Context of the body of work
The following subsections summarise the current state of the scientific literature
relevant to TWIP steels and the present study.

1.1.1. Cold rolling texture of TWIP steels
It is well established that materials with high stacking fault energy develop Copper (Cu)
type textures, while low stacking fault energy materials return Brass (B) type textures [4].
The Cu texture is characterised by a strong β-fibre that extends from Cu ( {112}111 ) to B
( {110}112 ) through S ( {123}634 ). When the stacking fault energy decreases, the
intensity of Cu reduces and the B orientation intensifies with a spread towards Goss (G,
{110}001 ); thus forming the characteristic α-fibre [5]. Depending on the exact stacking

fault energy value as well as the degree of rolling reduction, an intermediate texture
between these two extreme cases may also develop. The transition from Cu to B -type
textures is associated with microstructure inhomogeneities in low stacking fault energy
materials; namely deformation twinning and shear banding [6-8].
The influence of twinning on texture evolution in low SFE materials has been contested
ever since Wasserman’s twinning theory ascribed the texture transition to a volume effect
of deformation twinning [9]. Accordingly Hirsch et al. [7] suggested a microscopic route
for texture transition via the following steps: (i) the Cu component (which is highly
susceptible to twinning) twins to the copper twin (CuT) ( {552}115 ), (ii) the CuT rotates
to the intermediate F ( {111}112 ) orientation, (iii) F subsequently rotates to the close
meta-stable G orientation via shear banding forming a very fine subgrain structure and
finally, (iv) the G orientation rotates to the B position due to the reoccurrence of
homogeneous slip within subgrains.
On the other hand, Leffers et al. [10] concluded that since the volume fraction of twins
in the bulk microstructure is low [6, 11], twinning is most likely to influence bulk texture
evolution via a latent hardening effect. Consequently, the possibility of strengthening via a
volume effect is only considered in very highly twinned materials. Latent hardening
confines matrix slip to planes parallel to the {111} twinning plane in grains with dense
twin bundles. Following this, a composite deformation pattern at moderate (60-70%)
rolling reductions was proposed [12, 13] such that: (i) heavily twinned grains deform
mainly by single slip on the {111} matrix planes, (ii) the sparsely twinned grains may or
4
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may not deform by multi-slip, (iii) while the twin-free grains must deform by multi-slip in
order to maintain strain continuity. With increasing rolling reduction, Duggan et al. [6]
suggested that latent hardening ultimately leads to the rotation of twin clusters to align
with the rolling plane (thus forming the γ-fibre with {111}uvw orientations), and
subsequently, to the formation of shear bands which gradually consume the twins [6, 8].
Accordingly, a microscopic route for the B texture evolution with a major role for shear
banding was proposed [6, 8]. However since the development of shear bands is not always
succeeded by the prior formation of the γ-fibre [10], Leffers et al. [13] pointed out that
shear banding can be attributed to the difficulty in maintaining homogeneous, composite
deformation.
While most of the aforementioned texture investigations were conducted on low
stacking fault energy copper alloys, very limited texture studies have been performed on
cold-rolled TWIP steels. Vercammen et al. [14] viewed the formation of B texture in Fe30Mn-3Al-3Si TWIP steel as a consequence of deformation twinning during the early
stages of cold rolling inhibiting the formation of Cu texture and consequently, generating
the B component in agreement with Hirsch et al. [7] for low stacking fault energy
materials. Bracke et al. [15] could not detect any contribution from shear banding and
attributed texture development in Fe-22Mn-C-N TWIP steel to both, deformation twinning
and slip.

1.1.2. Recrystallisation texture of TWIP steels
The origin of recrystallisation textures is usually explained through oriented nucleation
or oriented growth. In the oriented nucleation hypothesis, grains with a particular
orientation proliferate via nucleation more frequently than grains belonging to other
orientations. On the other hand, oriented growth proposes faster growth of the dominant
texture than other orientations [16]. Additionally, for low stacking fault energy materials,
recrystallisation (annealing) twinning may: (i) lead to new orientations that did not exist
in the original deformation texture and/or, (ii) contribute to nucleation during the early
stages of recrystallisation [17, 18].
The stacking fault energy is closely related to annealing textures via its effect on the
microstructure and texture of the deformed state. Broadly speaking, Cu-type rolling
textures yield a Cube (C) recrystallisation texture while B-type rolling textures result in
the Recrystallised Brass (BR) orientation [19]. However, for the same material the
5

Chapter 1

resulting texture may vary with cold-working strain level, annealing temperature and the
influence of grain growth [16].
Once again, only a few studies are available on the recrystallisation textures of TWIP
steel. For a TWIP chemistry of Fe-30Mn-3Al-3Si, a retained α-fibre was observed in [20].
This retention was ascribed to nuclei growing inside deformed grains with orientations
close to that of the deformed matrix followed by annealing twinning that leads to
equivalent texture variants. In a 50% cold rolled Fe-Mn-C-N TWIP alloy, the B rolling
texture was retained via random nucleation and was attributed to the homogeneity of the
deformed microstructure [15]. For a Fe-22Mn-0.6C TWIP steel cold rolled to 40-70%
reduction, de las Cuevas et al. [21] verified similar B texture retention with attenuated
intensities as grain growth occurred.

1.1.3. Strain hardening behaviour of TWIP steels
The high work hardening in TWIP steels is commonly linked to deformation twinning
via either of two effects: (i) isotropic hardening or the “Dynamic Hall-Petch effect” or, (ii)
kinematic hardening or the “Bauschinger effect”. In addition to lattice friction and forest
hardening effects, isotropic hardening in TWIP steels has been ascribed to reductions in
the mean free path of dislocations caused by the twin boundaries acting as obstacles to
further glide [22-24]. On the other hand, kinematic hardening has been attributed to the
presence of an internal forward stress on the twins and an internal back stress on the
matrix [24]. In this regard, while several experimental and theoretical investigations have
correlated the strain hardening behaviour of low stacking fault energy materials with their
twinning activity in terms of the isotropic hardening effect [22, 25-27], limited details are
available on the contribution of kinematic hardening or the Bauschinger effect to the
overall strain hardening [23, 24].
Since the Bauschinger effect is one of the central themes in this thesis, it is briefly
described in the following paragraphs. The Bauschinger effect is generally manifested by a
lowering of the yield stress upon load reversal and an extended elasto-plastic transition
region. The magnitude of the Bauschinger effect in single phase alloys is generally
dependent on the stacking fault energy such that a greater lowering in yield strength upon
reverse loading is associated with lower stacking fault energy values [28]. The significant
Bauschinger effect in low stacking fault energy materials is related to the planar nature of
their slip and the consequent reversibility of their dislocations. Moreover, in Hadfield steel
6
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single crystals [29], TWIP steel [23] and brass [30], deformation twinning is accompanied
by a prominent Bauschinger effect.
Karaman et al. [29] ascribed the twin-related Bauschinger effect to the long range back
stresses generated by the dislocation pile-ups at twin boundaries. Gil Sevillano [24]
attributed the generation of back stresses to the high strength of the nanometer-sized twin
thicknesses. In agreement with [24], a transmission electron microscopy (TEM) study on
TWIP steel further clarified that the high strength of the twins is due to the existence of
sessile dislocations (the density of which depends on the alloying content) within the twin
lamellae [31]. Thus, the above explanation for the observed back stress attributes the
enhanced work hardening in TWIP steel to the composite strengthening provided by the
“harder” twins and the “softer” austenite matrix.
To this end, it is highlighted that twinning alone may not be the sole reason for the high
work hardening in TWIP steels; as the interaction of dislocations with stacking faults may
be responsible for the increased work hardening in low stacking fault energy fcc materials
[32]. In addition, the limited dynamic recovery resulting from the low stacking fault
energy and the existence of annealing twins (in the case of recrystallised microstructures)
are also said to enhance the work hardening [33].

1.1.4. Modelling studies on TWIP steels
Along with experimental characterisation of the work hardening in TWIP steels,
physically based models have been developed to correlate the bulk mechanical response
with the evolution of deformation twinning during tensile loading. TWIP-effect models are
primarily based on the dynamic Hall-Petch approach [26, 27] such that twin boundaries
are considered to be similar to grain boundaries and act as obstacles to glide by reducing
the mean free path of dislocations as mentioned above. The modelling scheme was further
extended by including the Bauschinger effect contribution to the strain hardening due to
the existence of internal micro-stresses between twins and the parent matrix [23, 24].
On the other hand, limited modelling efforts have been directed towards correlating the
texture evolution with the microscopic deformation mechanisms. Barbier et al. [34] used
the Taylor and the translated field models to simulate the mechanical response, twinning
activity and texture evolution during the tensile and shear loading of a Fe-22Mn-0.6C
TWIP steel. Compared to the Taylor model, the translated field model (which is based on
the self-consistent scheme) provided better agreement with the experimental data. Since
7
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this study did not account for the effect of twinning on the texture evolution, the good
agreement with the experimental texture was ascribed to the dominant effect of slip on
the evolution of the bulk texture [34].
While accounting for both slip and deformation twinning, Dancette et al. [35] applied a
full-field crystal plasticity - finite element method (CP-FEM) and a mean-field multi-site
model (which is an elastic-viscoplastic extension of the ALAMEL model [36]) to simulate
the texture and hardening behaviour of a Fe-20Mn-1.2C TWIP steel during tensile loading
and cold rolling. Once again, both these models returned improved texture predictions
compared to the Taylor model. However, the multi-site model was found to be satisfactory
only at moderate strains (30% in tension) while the CP-FEM provided better texture
simulations at higher strains (cold rolling to 54% thickness reduction). This was
attributed to the failure of the short-range grain interactions (where each grain only
interacts with its direct neighbours) in the multi-site model to capture the more complex
deformation patterns expected at higher strains.
An alternative mean-field scheme is the widely used Visco-Plastic Self-Consistent
(VPSC) plasticity model which is based on the long-range interactions of individual grains
with the polycrystalline aggregate [37-39]. Prakash et al. [40] employed the VPSC model to
investigate the effect of deformation twinning on the texture evolution of a TWIP steel
after tensile loading by applying the Predominant Twin Reorientation [41] and Kalidindi
[42] twinning schemes. In that study, limited correspondence between the experimental
and simulated stress-strain and texture data was obtained. Thereafter, Yan et al. [43]
applied the VPSC model to predict the texture evolution after the tensile loading of Fe25Mn-3Al-3Si TWIP steel such that the intensity of the experimental 111 fibre was
atypically under predicted and ascribed to the over prediction of twinning activity.
When both slip and twinning deformation modes were included in the VPSC model for
the tensile loading of a Fe-18Mn-1.5Al-0.6C TWIP steel, De Cooman et al. [44] obtained
over and under predictions of the 100 and 111 fibres, respectively. Once again,
reasonable correlations between the experimental and VPSC-simulated texture was
achieved only when the deformation was assumed to be accommodated solely via slip.
While all the above modelling studies were undertaken on monotonic tension/shear
deformation path, Favier and Barbier [45] have recently attempted to simulate a reverse
simple shear deformation via a translated field model. However, the model failed to
capture the Bauschinger effect such that the flow stress was overestimated upon load
reversal. The reason that the model was unsuccessful was that it only accounted only for
8
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intergranular stresses and not for the intragranular stresses. Here both intergranular and
intragranular stresses need to be considered in order to capture the observed early
yielding upon load reversal.

1.2. Objectives of the thesis
With respect to the state of the present scientific literature, an in-depth analysis of the
texture development during recrystallisation along with a characterisation of the influence
of annealing twinning on the end-recrystallisation texture is needed. Furthermore,
thorough characterisation of the Bauschinger effect in TWIP steels is still lacking in the
literature. Effective utilisation of the self-consistent polycrystal models allows correlating
the macroscopic behaviour with the underlying deformation accommodation modes and
consequently furthers the understanding of the concurrent and complex deformation
modes in TWIP steels.
In this regard, a Fe-24Mn-3Al-2Si-1Ni-0.06C TWIP steel was cold rolled to 42%
thickness reduction followed by isochronal annealing for 300 s between 600-850 °C. The
objectives of the present study are two-fold:
(i) Investigate the evolution of microstructure, micro-texture, bulk texture and
mechanical properties during the recrystallisation of a cold-rolled TWIP steel.
(ii) Examine the influence of the underlying deformation accommodation modes in TWIP
steel. Here the effects of perfect and/or partial slip and twinning on the strain hardening
behaviour, the Bauschinger effect and the texture evolution will be investigated.

With respect to the first objective, the following tasks were undertaken:


Investigating

microstructure

evolution

during

isochronal

annealing

via

Transmission and Scanning Electron Microscopy and its concurrent effect on the
mechanical properties via uniaxial tensile testing. The applicability of the
Holloman and Ludwigson empirical relations to describe the flow curves is
examined and a further modification to the Hollomon equation is also suggested.


Tracking the microstructure and texture evolution from the cold-rolled condition
to the fully recrystallised state via Electron Back-Scattering Diffraction (EBSD) and
9
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X-ray Diffraction (XRD). The observed cold rolling bulk texture is correlated to the
microstructure and micro-texture. Details regarding the role of annealing twinning
from the early nucleation stage to the generation of various texture orientations
during the late-stages of recrystallisation are also given.


Applying

novel

deconstruction

techniques

to

cold-rolled

and

partially

recrystallised EBSD maps. The evolution of cold-rolling texture via the composite
slip/twin deformation pattern is correlated with the spatial distribution of
twinned and untwinned grains. The influence of orientation-dependent stored
energy considerations and second order twinning on the end-recrystallisation
texture is also evaluated.
With regard to the second objective, the following tasks were undertaken on fully
recrystallised samples:


In-situ neutron diffraction during cyclic (tension-compression) loading between
strain limits of ±1%. A modified Elasto-Plastic Self-Consistent (EPSC) model, which
accounts for both intergranular and intragranular back stresses, is used to
simulate the macroscopic stress-strain response and the evolution of lattice strains
such that the contribution of various deformation mechanisms; perfect and/or
partial slip and twinning to the deformation accommodation is extensively
detailed.



Tracking the microstructure and texture evolution via a combination of selected
area EBSD mapping and XRD analysis for progressively increasing strains during
interrupted uniaxial tensile testing. The experimental data is further used to
calibrate the VPSC model employed to delineate the contribution of perfect and/or
partial slip, twinning and latent hardening on the texture evolution in TWIP steel.

1.3. Experimental and modelling methods
The investigated material was sourced from the Federal University of Minas Gerais,
Brazil. The steel was cast in an induction furnace Power Trak 250-10 R Inductotherm. The
fusion and pouring were performed at 1558 °C and 1510 °C, respectively. The nominal
chemical composition of the present TWIP steel is Fe-24Mn-3Al-2Si-0.9Ni-0.05C.
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The original cast plate of 300×200×30 mm3 was cut into smaller plates of 100×80×30
mm3. These smaller plates were then austenitised at 1100 °C for 2h, reheated to 1100 °C
and then hot rolled in four passes with ~17% reduction per pass to achieve a total
thickness reduction of 52%. The surface oxides and scales were removed by machining.
Following this cold rolling was undertaken in 11 passes at ~4.8% reduction per pass to a
final thickness reduction of 42%; thereby achieving a final plate thickness of 7.3 mm.
Small strips were cut from the cold rolled plate and isochronally annealed at the
temperatures between 600 to 850 °C. The heat treatment included 240 s for heating to
stable temperature followed by 300s of soaking time.
While the characterisation of the recrystallisation behaviour (Chapters 2, 3 and 4) was
conducted on the samples annealed from 600 to 850°C, all deformation behaviour
analyses (Chapters 5 and 6) are undertaken on the 850°C fully recrystallised sample.
The present study involves a range of experimental and modelling techniques listed as
follows:

1.3.1. Mechanical testing methods
1.3.1(a) Microhardness tests (Chapters 2, 3 and 4)
Microhardness measurements were undertaken on transverse direction sections using
a 500 gm load on a Leitz RZD-DO Vickers tester. Average microhardness values were
determined from twenty measurements per sample.

1.3.1(b) Uniaxial tensile tests (Chapters 2 and 6)
In Chapter 2, round tensile samples of 25mm gage length and 4mm diameter were
machined from all samples parallel to the rolling direction. Room temperature tensile tests
were performed on an electro-mechanical Instron 1582 at a constant speed of 1.7
mm.min-1; which corresponds to an initial strain rate of 1.03×10-3 s-1.
In Chapter 6, a flat dog-boned shaped tensile sample of 25 mm gage length, 5 mm width
and 1 mm thickness was used. The gage length and width of the tensile sample was
parallel to the rolling (RD) and transverse (TD) directions of the cold rolled strip,
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respectively. The uniaxial interrupted tensile test was undertaken on an in-house modified
Kammrath & Weiss GmbH tensile stage operating in speed control mode at 5 μm.s-1.

1.3.1(c) In-situ cyclic (tension-compression) test (Chapter 5)
A round tension/compression sample of 7.62 mm (0.3") gage length and 2.54 mm
(0.1") diameter was machined from the fully recrystallised material with its gage length
parallel to the rolling direction.
Cyclic uniaxial tension-compression loading between strain limits of ±1 % were
performed using strain control on a purpose-built horizontal Instron load frame [46]. Five
complete tension-compression cycles were performed followed by a sixth tension half
cycle. For the first three complete tension-compression cycles, neutron diffraction
patterns were acquired at predetermined strain levels. Thereafter, diffraction patterns
were measured at the maximum tension, maximum compression and zero unload points
for the fourth complete and sixth half cycle. The fifth cycle was skipped due to beam time
constraints. Throughout the experiment, an extensometer that spanned the irradiated
region remained attached to the sample in order to negate load frame compliance errors.

1.3.2. Material characterisation techniques
1.3.2(a) Scanning electron microscopy (Chapter 2)
In Chapter 2, secondary electron (SE) imaging was performed on transverse direction
(TD) sections from the middle of the sample cross-section. The samples were polished up
to 1µm and etched with 2% Nital solution. The SE imaging was undertaken on a JEOL–
JSM7001F field emission gun (FEG) – scanning electron microscope (SEM).

1.3.2(b) Transmission electron microscopy (Chapter 2)
For Transmission Electron Microscopy (TEM), normal direction (ND) sections of
~200−300μm thickness were initially sliced using a Struers Accutom-50 at a cutting speed
of 0.01 mm.min-1. Thereafter 3 mm diameter disks were punched out and ground down in
two steps to ~120μm using 1200 grit and then to ~100μm thickness with 2400 grit SiC
paper. Each TEM disk was electrolytically thinned using a twin-jet Struers Tenupol−5
12
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electropolisher in a solution of 95% methanol and 5% perchloric acid. Polishing
conditions were maintained at 30V, ~150mA at −25°C for all conditions. Bright and dark field imaging and selected area diffraction (SAD) was performed on a JEOL JEM 2011 TEM
operating at 200kV and equipped with an Olympus MegaView-II digital imaging system.

1.3.2(c) Electron back-scattering diffraction (Chapters 3, 4, 6 and 7)
Electron back-scattering diffraction (EBSD) mapping in Chapters 3 and 4 was
conducted on ND-RD sections after polishing up to colloidal silica. In Chapters 6 and 7, the
EBSD mapping was performed on a selected area (TD-RD view) located in the middle of
the gage length of the tensile sample.
All EBSD work in Chapters 3, 4, 6 and 7 was undertaken on a JEOL–JSM7001F field
emission gun (FEG) – scanning electron microscope (SEM) fitted with a Nordlys-II(S)
camera. The Corona Fast Acquisition (FA) software was used in Chapters 3 and 4 while the
Oxford Instruments AZtec acquisition software suite was used in Chapters 6 and 7.
A 15 KV accelerating voltage, ~5 nA probe current and 15 mm working distance were
used in Chapters 3 and 4, whereas ~2 nA was used in Chapters 6 and 7.
The employed step sizes are as follows: (i) In Chapter 3, step sizes of 0.05 µm and 0.4
µm were used for the cold-rolled sample in order to acquire selected and large area
statistics, respectively. A step size of 0.125 µm was used for the 600 °C condition, while a
step size of 0.2 µm was maintained constant for all other samples. (ii) In Chapter 4, step
sizes of 0.225 µm and 0.175 µm were employed for the cold-rolled and partially
recrystallised samples, respectively. (iii) In Chapters 6 and 7, a constant step size of 0.1 µm
was used for all the maps.
In all EBSD maps, subgrain structures are defined by a minimum of 3 pixels and are
bounded by misorientations (θ) ≥ 2°. Consequently, 2° ≤ θ < 15° misorientations are
defined as low angle grain boundaries (LAGBs) whereas the total high angle grain
boundaries (THAGBs) comprise HAGBs (15° ≤ θ ≤ 57.5°) and twin boundaries (TBs). First
order TBs are defined as Σ3 = 60° 111 , while second order TBs are Σ9 = 38.9° 101 . The
maximum tolerance of the misorientation angle (Δθ) from the exact axis-angle
relationship was identified by the Palumbo-Aust criterion (i.e.- Δθ ≤ 15° Σ-5/6) [47] with a
tolerance limit of 6° for Σ3 and 2.4° for Σ9, respectively. Micro-textures in Chapters 3 and 4
are depicted after exporting from HKL Channel-5 to MTex [48] and ResMat.
13

Chapter 1

1.3.2(d) X-ray diffraction (Chapters 3 and 6)
For the bulk texture measurements in Chapters 3 and 6, three incomplete (0°–85°) pole
figures {111}, {200} and {220} were collected using a PANalytical Xpert–PRO MRD
goniometer equipped with a Cu tube at 45 KV and ~40 mA. The orientation distribution
functions (ODFs) were calculated via series expansion using ResMat.

1.3.2(e) In-situ neutron diffraction (Chapter 5)
In-situ neutron diffraction measurements were performed at the Spectrometer for
Materials Research at Temperature and Stress (SMARTS) diffractometer at the Manuel
Lujan Jr. Neutron Scattering Center, LANSCE, Los Alamos National Laboratory [46]. A
schematic of the sample and the diffraction geometry is shown in Fig. 3. The sample is
oriented at 45° relative to the incident beam. The two detector banks on either side of the
sample are at ±90° relative to the incident beam and simultaneously record data with
diffraction vectors parallel (Q∥) and perpendicular (Q⊥) to the applied load. The incident
neutron beam was defined by 3×3 mm2 boron nitride apertures and each diffraction
pattern took ~3000 s to record.

Figure 3. Schematic of the Spectrometer for Materials Research at Temperature and Stress
(SMARTS) diffractometer.

Data analysis comprised single peak fitting and Rietveld refinement using the General
Structure Analysis Software (GSAS) [49]. Single peak fitting enables following the
response of individual lattice reflections {hkl} to deformation and thus directly provides
information on intergranular effects. Alternatively, Rietveld refinement effectively
14
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averages out any intergranular effects as it fits the whole diffraction pattern over a range
of d-spacings (0.5–2.5 Å) and provides an average lattice parameter based on all the
measured lattice planes. Further details on the single peak fitting and Rietveld refinement
are outlined in Chapter 5.

1.3.3. Modelling techniques
1.3.3(a) Elasto-plastic self-consistent modelling (Chapters 5)
The in-situ neutron diffraction measurements can be further interpreted using an
Elasto-Plastic Self-Consistent (EPSC) polycrystal plasticity model [50]. The EPSC model
simulates both, the macroscopic stress-strain behaviour as well as the average response of
the various grain orientations. The model is based on Eshelby's equivalent inclusion
theory [51] and implements the elasto-plastic formulation of Hutchinson [52]. In the EPSC
model, a single grain (or crystallographic orientation) is associated with a volume fraction
and is represented as an inclusion embedded in an infinite homogeneous effective medium
that corresponds to the polycrystalline aggregate. The solution of the equilibrium equation
between the ellipsoidal elasto-plastic inclusion and the surrounding elasto-plastic medium
gives the stress increment and total strain increment in the inclusion. Such increments are
uniform within the inclusion but vary in magnitude between one inclusion to another.
While this scheme makes the formulation numerically appealing, it does not capture
intragranular inhomogeneities. The properties of the homogeneous effective medium are
the average properties of the single grain inclusions and are not known in advance. These
properties are calculated iteratively until they match the average of the polycrystalline
aggregate. The elastic response of the individual grains is described by the single crystal
elastic constants. The plastic response of the individual grains is described by activating
the various deformation systems (s) at predetermined values of the critical resolved shear
stress (CRSS,  crs ).
A brief description of the EPSC model formulation is given in what follows. In absence
of thermal strains, the stress rate (  c ) of each grain is related to the total (elastic +
plastic) strain rate (  c ) via the following relation:





 c  C :   c   ms s 


s



Eq. (1)
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where, C is the fourth rank elastic stiffness tensor, “:” denotes a contracted tensor
product and

m 
s

s

is the plastic strain rate. The latter is the summation of the rate of

s

plastic shear (  s ) of all the active deformation (slip and twin) systems (s) within a grain
resolved by the Schmid tensor ( m s ). Here ms   ni b j  n j bi  2 where, n and b are the
normalised slip or twin plane normal and the Burgers vector of the deformation system,
respectively. Thus, in order to initiate activity on a particular deformation system, the
resolved shear stress ( ms :  c ) has to first reach its CRSS. Thereafter, the deformation
system’s activity is sustained as long as the resolved shear stress rate ( ms :  c ) meets the
CRSS rate (  crs ) as it hardens upon straining [50].
Since the original EPSC model allows for variations in stress and strain between
different grains, it can inherently capture the effect of the intergranular stress but not the
intragranular stress. Consequently, without the incorporation of an intragranular back
stress during reverse loading, the original EPSC model either fails to predict the
Bauschinger effect [50] or provides only qualitative agreement with the experimental
evidence [53]. Recently, a non-linear kinematic hardening law was implemented by
Wollmershauser et al. [54] into the EPSC framework to account for the intragranular
effects upon reverse loading at low strain levels. The modified EPSC model successfully
simulated the macroscopic stress-strain response and the evolution of the lattice strain
during the cyclic loading (tension-compression between strain levels of ±2%) of 317L
austenitic stainless steel which deforms solely by slip.
The above intragranular back stress effect was captured by updating the activation
conditions to include a back stress term (  bss ) such that:

 sfor  ms :  c  bss

Eq. (2)

 sfor  ms :  c  bss

Eq. (3)

The  bss term accounts for kinematic hardening in individual slip systems as it reduces
the resolved applied stress by the directional back stress arising from the pile-up of
dislocations at various barriers. On the other hand,  sfor (originally denoted as the CRSS,

 crs ) is the isotropic hardening term which is associated with the non-directional
accumulation of obstacles such as forest dislocations and/or deformation twin boundaries.
Thus with the accumulation of strain, the evolution of the  sfor term accounts for the
reduction in the mean slip path and the increased resistance to further dislocation motion.
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The hardening of  sfor for each deformation mode follows an extended Voce hardening rule
such that [55]:



 0s, for   

  1s, for  



 sfor   0s   1s, for  1s, for   1  exp  


Eq. (4)

An analogous relationship is employed to describe the evolution of the back stress [54]:




 0s,bs  s   0s
s
s
s
s
s



    1,bs  x0  1,bs    0  1  exp  


 1s,bs  x0s


s
bs













 

Eq. (5)




where,  0s and  1s are the initial and back extrapolated critical resolved shear stresses
and  0s and 1s are the initial and final asymptotic hardening rates for the forest hardening
(for in Eq. (4)) and back stress (bs in Eq. (5)) formulations.     s is the accumulated
s

shear strain on all deformation systems in a grain. The  0s and x0s terms are the strain and
stress “memory” parameters which are both initially set to zero during the first forward
half cycle.
In what follows, a slip system that is active during the forward loading is referred to as
a forward slip system (s). If the load is reversed, the slip direction of the forward slip
system is reversed and the slip system is denoted as a reverse slip system (-s).
Upon load reversal, the above “memory” parameters are updated such that: (i) the  0s
value of the reverse slip system at the start of the reverse half cycle is equal to the total
accumulated shear (  tots ) of the forward slip system at the end of the forward half cycle.
Thus  0s accounts for the high initial hardening rate of the reverse slip system. (ii) The x0s
value of the reverse slip system at the start of the reverse half cycle is equal to the positive
resolved back stress (  bss ) of the forward system at the end of the forward half cycle. Hence

x0s reduces the CRSS of the reverse slip system by  bss . It is emphasised that both of the
aforementioned “memory” parameters are computed as a function of the strain path and
are not fitting parameters. In the absence of intergranular contributions to the back stress,
the combined memory effects extend the elasto-plastic transition upon slip direction
reversal and are a manifestation of the dislocation-based mechanisms governing the
Bauschinger effect [54].
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As suggested by Lorentzen et al. [53], the resolved back stress of the active forward slip
system is coupled with the resolved back stress of the inactive reverse slip system such
that:

 bs s   bss (if  s  0 )

Eq. (6)

The above constraint means that the rate of increase of the resolved back stress of the
active slip system is equal to the rate of decrease of the resolved back stress of the reverse
slip system.
The kinematic hardening rules denoted by Eqs. (5 and 6) are strictly valid for slip
systems only as dislocations can reverse their slip direction upon load reversal. It follows
that Eqs. (5 and 6) are inapplicable to twinning due to its unidirectional nature.
Lastly, the activities on the various slip and twinning systems harden other each
according to:

 s  V s h  s '
ss '

s'

Eq. (7)

where, depending on the hardening law V s  d s d  or d s d s and h ss ' is the latent
hardening matrix. The hardening matrix has diagonal values (or the self-hardening) of
one. In the current work, the off-diagonal values were also set to one such that all
deformation systems are assumed to contribute equally to the hardening of each other,
i.e.- equal latent hardening is assumed.

1.3.3(b) Visco-plastic self-consistent modelling (Chapters 6)
The macroscopic stress-strain response and the texture evolution during the uniaxial
tensile loading of crystalline materials can be simulated using the visco-plastic selfconsistent (VPSC) model [37-39, 41]. In this model, each grain is treated as an ellipsoidal
visco-plastic inclusion embedded in and interacting with an anisotropic homogeneous
effective medium which represents the ‘average’ environment seen by each grain.
In the following paragraphs, a brief description of the VPSC model formulation for the
hardening at the single crystal level is given. The response of the individual grains is
described by activating the various deformation systems (s) at predetermined values of
the critical resolved shear stress (CRSS). In each grain, the CRSS evolves with the total
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accumulated shear strain (     s ) by following an extended Voce hardening rule such
s

that [55]:


 0s   
s 
  1  

 crs   0s   1s  1s   1  exp  


Eq. (8)

where,  0s and  1s are the initial and back extrapolated critical resolved shear stresses
and 0s and 1s are the initial and final asymptotic hardening rates associated with a
deformation system (s).
With respect to latent hardening effects, the activities on the various slip and twinning
systems harden each other according to:

s 

d crs
d

h

ss '

 s'

Eq. (9)

s'

where, h ss ' is the latent hardening matrix which empirically accounts for the obstacles
that new dislocations (or twins) associated with the activity of system (s′) represent for
the propagation of dislocations (or twins) on a system (s) [56]. The hardening matrix has
diagonal values (or the self hardening) of 1. The off-diagonal values (or the latent
hardening) can be adjusted such that activation of a deformation system (twinning in the
present TWIP steel case) on a particular plane contributes to the hardening of the noncoplanar slip or twin systems.
In the present study, the grain co-rotation scheme developed in [57] was used such
that grains were paired at random at the beginning of a simulation and made to co-rotate
to improve strain compatibility at grain boundaries. This scheme allows grains with the
same initial orientation but different neighbouring grains to follow different reorientation
paths during deformation. Consequently, the overall texture evolution is slowed down
during the simulation.
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1.4. Overview of Chapters 2 to 7

Chapter 2
Effect of annealing on the microstructure and mechanical properties of cold
rolled Fe-24Mn-3Al-2Si-1Ni-0.06C TWIP steel
Dagoberto B. Santos, Ahmed A. Saleh, Azdiar A. Gazder, Andrew Carman, Dayanna M.
Duarte, Érica A. S. Ribeiro, Berenice M. Gonzalez, Elena V. Pereloma
Materials Science and Engineering A 528 (2011) 3545-3555.

Chapter 2 details the microstructure evolution during recrystallisation via scanning
electron and transmission electron microscopy and characterises work hardening
behaviour via uniaxial tensile testing, when the investigated TWIP steel is subjected to
42% cold rolling and isochronal annealing between 600 and 850°C. The majority of grains
in the cold-rolled condition were found to contain a high density of primary deformation
twins and a relatively smaller fraction of intersecting secondary twins. Coarser annealing
twins formed during the prior hot rolling process tend to rotate towards the rolling plane
during subsequent cold rolling. After isochronal annealing for 300s at 600°C, 16%
softened fraction was obtained and was primarily attributed to recovery. Increasing
fractions of annealing twins evolve with recrystallisation which was nearly completed
after annealing at 850°C.
Analysis of the stress-strain curves returned three and four work hardening regions for
the 600°C recovered and the other partially recrystallised samples, respectively. The
difference in the work hardening rates between the two cases is ascribed to the greater
ease of twin formation with increasing annealing temperature and grain size. The ability of
the Holloman and Ludwigson empirical relations to describe the flow curve is examined
and a further modification to the Hollomon equation is also suggested to empirically
account for the effect of strain on microstructural refinement.
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Chapter 3
Texture evolution of cold rolled and annealed Fe-24Mn-3Al-2Si-1Ni-0.06C
TWIP steel
Ahmed A. Saleh, Elena V. Pereloma, Azdiar A. Gazder
Materials Science and Engineering A 528 (2011) 4537-4549.
This paper has been cited among the “Top 25 Hottest Articles in Materials Science;
Materials Science and Engineering A” for April-June 2011.

Chapter 3 details the microstructure and texture evolution of cold-rolled and
isochronally annealed TWIP steel via X-ray diffraction and electron back-scattering
diffraction. After 42% cold rolling reduction, bulk texture returned the distinctive α-fibre
for low stacking fault energy materials; with higher intensities for the Goss ( {110}001 )
compared to the Brass ( {110}112 ) orientations. Correlating the observed cold rolling
bulk texture to the microstructure and micro-texture indicates a slip contribution to the
Brass orientation with a possible role for micro shear banding. Annealing twins contribute
to recrystallisation from the early nucleation stage and thereafter, with further annealing
they generate recrystallisation components that are twin related to the original cold
rolling texture.
Two first-hand observations in the recrystallisation textures of TWIP steels (and
austenitic steels) are the presence of the F ( {111}112 ) and the Rotated Copper (
{112}011 ) orientations. The former is ascribed to a relatively homogeneous distribution

of nucleation sites such that the F orientations are not consumed by other growing
orientations. Alternatively, orientation relationship analysis suggests second order
twinning and/or the preferred-growth 30° 111 relation with the Brass rolling
component as possible reasons for the proliferation of the Rotated Copper component.
The modified Hall-Petch relation has been implemented using EBSD data such that the
0.2% proof stress of the recovered and partially recrystallised samples was adequately
predicted and the strengthening contribution of the different grain boundaries was
evaluated.
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Chapter 4
Microtexture analysis of cold rolled and annealed twinning-induced
plasticity steel
Azdiar A. Gazder, Ahmed A. Saleh, Elena V. Pereloma
Scripta Materialia 65 (2011) 560-563.
This paper has been cited among the “Top 25 Hottest Articles in Materials Science; Scripta
Materialia” for July-September 2011.

Chapter 4 follows the micro-texture evolution of cold-rolled and isochronally annealed
TWIP steel by applying novel deconstruction techniques to cold-rolled and partially
recrystallised EBSD maps. The separation of the cold-rolled microstructure into twinned
(areas where twinning transpires along with slip) and untwinned (where deformation is
accommodated mostly via slip) fractions substantiates the formation of cold-rolling
texture via the composite slip/twin deformation pattern which entails relatively random
spatial distribution of twinned and untwinned grains.
Alternatively, the partially recrystallised microstructure was deconstructed into: (i) an
unrecrystallised fraction comprising recovered and deformed units, and (ii) a
recrystallised fraction that assesses the influence of nucleation and growth on the endtexture. The relatively uniform distribution of nucleation sites seen in Chapter 3 is verified
by the close resemblance between the orientations of the newly nucleated grains and the
deformation texture. The Rotated Copper component observed in Chapter 3 were found to
form via second order twinning rather than the preferred-growth 30° 111 relation; as a
growth-dependent size advantage was absent. In addition to annealing twinning, a
possible contribution of orientation-dependent, stored energy considerations to the endrecrystallisation texture is suggested.
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Chapter 5
On the evolution and modelling of lattice strains during the cyclic loading of
TWIP steel
Ahmed A. Saleh, Elena V. Pereloma, Bjørn Clausen, Donald W. Brown, Carlos N. Tomé,
Azdiar A. Gazder
This chapter is the basis for an article published in Acta Materialia 61 (2013) 5247-5262.

Chapter 5 follows the evolution of lattice strains in fully annealed Fe-24Mn-3Al-2Si1Ni-0.06C TWIP steel via in-situ neutron diffraction during cyclic (tension-compression)
loading between strain limits of ±1%. A pronounced Bauschinger effect is observed upon
load reversal and is accounted for by a combination of the intergranular residual stresses
and the intragranular sources of back stress such as dislocation pile-ups at the
intersection of stacking faults. Details regarding the evolution of residual intergranular
strains are outlined.
The recently modified Elasto-Plastic Self-Consistent (EPSC) model which empirically
accounts for both, intergranular and intragranular back stresses has been effectively used
to elucidate the contribution of various deformation mechanisms; perfect and/or partial
slip and twinning to the deformation accommodation. Three modelling cases are
constructed such that Case I treats twinning as directional slip mechanism, Case II
accounts for the stress relaxation effect (back stress) associated with twin formation and
Case III considers only the effect of deformation faulting or slip by partials as the
reversibility of slip in the 112 direction is taken into account.
The three modelling cases are assessed in terms of their ability to capture two
experimental features; the Bauschinger effect and the tension-compression asymmetry.
With regard to the Bauschinger effect during unloading, good agreement is obtained in
Case I while even better predictions are obtained when the twinning scheme of Case II
accounts for the stress relaxation effects associated with twinning. Nonetheless, the best
prediction of the Bauschinger effect is obtained via the partial slip approach of Case III
wherein slip is allowed to reverse in the 112 direction. Thus, the last case emphasises
the potential contribution of the stress-induced separation of partial dislocations to the
observed early yielding at the low strain levels employed in this study. Alternatively, while
Case III does not reproduce the tension-compression asymmetry, Cases I and II both
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capture such behaviour as they account for the irreversibility (or directionality) of
twinning as well as Schmid factor considerations.
The effect of the initial uniaxial loading direction and the influence of the loading path
on the permanent softening frequently reported with the Bauschinger effect are also
discussed for the strain levels used in the present study.
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Chapter 6
Microstructure and texture evolution in a twinning-induced-plasticity steel
during uniaxial tension
Ahmed A. Saleh, Elena V. Pereloma, Azdiar A. Gazder
Acta Materialia 61 (2013) 2671-2691.

Chapter 6 follows the microstructure and texture evolution of fully annealed Fe-24Mn3Al-2Si-1Ni-0.06C TWIP steel during interrupted uniaxial tensile testing. Bulk texture
measurements returned the characteristic double fibre texture for fcc materials; with a
relatively stronger 111 and a weaker 100 partial fibres parallel to the tensile axis.
Selected area EBSD maps of were used to correlate the development of intragranular local
misorientation associated with the formation of geometrically necessary dislocations
(GNDs) with the crystallographic fibres. The 100 grains return the lowest values of
intragranular local misorientation indicating a lower density of GNDs. On the other hand,
the unstable orientations along the 110 fibre exhibit the highest values of intragranular
local misorientation due to their interaction with the stable 111 orientations.
In an analogous approach to the application of the EPSC model in Chapter 5, the ViscoPlastic Self-Consistent (VPSC) model was used to simulate the macroscopic stress-strain
response as well as track the evolution of bulk crystallographic texture by detailing the
contributions of perfect and/or partial slip, twinning and latent hardening. Three
modelling cases have been applied such that Case I treats twinning as a directional slip
mechanism with three constructs. While the first construct assumes equal latent
hardening, the second and third constructs examine the twin barrier effect on the texture
evolution as strong latent hardening is imposed on the non-coplanar slip and noncoplanar slip and twinning systems, respectively. Case II assesses the twin volume effect
on the texture evolution via the Predominant Twin Reorientation scheme. Case III evaluate
the possible contribution of partial slip to the texture development via two constructs by
assuming different ratios between the critical resolved shear stress for slip in the perfect
110 and the partial 112 directions. The simulations underscore the dominant role of

perfect slip and the limited volume effect of twinning on the texture development. A
possible contribution for latent hardening on both non-coplanar slip and twin systems
cannot be also negated.
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Furthermore, the effects of initial orientation and grain interaction on the overall
orientation stability during uniaxial tension were analysed using the VPSC model. While
the 100 fibre remains stable and does not affect unstable orientations, the orientations
along the stable 111 fibre strongly affect the unstable orientations along the 110 fibre.
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Chapter 7
On the feasibility of twinning nucleation via extrinsic faulting in twinninginduced plasticity steel
Azdiar A. Gazder, Ahmed A. Saleh, Elena V. Pereloma
Scripta Materialia 68 (2013) 436-439.

Chapter 7 utilises a generalised Schmid’s law to evaluate the tendency of different
grain orientations to deform via perfect slip, twinning, intrinsic and extrinsic faulting.
While the current analysis is applicable to any low stacking fault energy material where
twinning is concurrent with slip, the discussion is focused on TWinning Induced Plasticity
(TWIP) steel subjected to uniaxial tension.
EBSD analysis of the orientations of twin-free and twinned grains along with Schmid
factor considerations indicate the feasibility of extrinsic stacking faults acting as twin
nuclei at high strains in the near- 100 -oriented grains that are nominally regarded as
being unfavourably oriented for twinning. Consequently, the present study raises the
possibility that twins in grains with 111 orientations nucleate via intrinsic stacking
faults whereas twins in the 100 orientations nucleate via extrinsic stacking faults.
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Chapter 2
Effect of annealing on the microstructure and
mechanical properties of cold rolled
Fe-24Mn-3Al-2Si-1Ni-0.06C TWIP steel

Article below removed for copyright reasons, please refer to the citation:
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V. Pereloma (2011). “Effect of annealing on the microstructure and mechanical properties of
cold rolled Fe-24Mn-3Al-2Si-1Ni-0.06C TWIP steel”, Materials Science and Engineering A
528:3545-3555.

Abstract:
Fe–24Mn–3Al–2Si–1Ni–0.06C TWinning Induced Plasticity (TWIP) steel was 42% cold-rolled
and isochronally annealed at temperatures between 600 and 8500C. Optical, secondary and
transmission electron microscopy found that a majority of as cold-rolled grains contain a large
fraction of primary twin densities and a smaller fraction of secondary twins. Partially
recrystallised microstructures comprise a mix of recrystallised grains and annealing twins as
well as remanent deformed grains with heavy dislocation substructures and deformation twins.
Both deformation and annealing twins follow the {111}<112> relationship. All partially
recrystallised samples exhibited four work hardening regions and a decreasing twinning onset
stress with greater percentage softening. A modification to the Hollomon–Ludwigson scheme is
suggested to empirically account for the effect of strain on microstructural refinement.

Chapter 3
Texture evolution of cold rolled and annealed
Fe-24Mn-3Al-2Si-1Ni-0.06C TWIP steel
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Abstract:
The microstructure and texture evolution of 42% cold-rolled Fe–24Mn–3Al–2Si–1Ni–0.06C
Twinning Induced Plasticity (TWIP) steel is investigated during isochronal annealing at
temperatures between 600 and 8500C. In the cold rolled condition, bulk texture returned the
distinctive alpha-fibre for low stacking fault energy materials, with higher intensities for Goss
({112}<011>) compared to Brass ({111}<112>). A comparison between bulk and microtextures, showed a significant slip contribution to the development of the Brass orientation,
along with a possible role for micro-shear banding. Annealing twins contribute to
recrystallisation from the early stages of nucleation and participate in generating new
orientations thereafter. Unlike texture studies on other austenitic steels, the F ({111}<011>)
and Rotated Copper ({112}<011>) orientations were detected in this work. The former is due to
a more homogeneous distribution of nucleation sites, while the latter can be ascribed to second
order twinning and the preferred-growth 30◦ <111> relation with the Brass rolling component.
Based on the microstructural parameters from Electron Back-Scattering Diffraction (EBSD), the
modified Hall–Petch (H–P) relation was successfully applied to the 0.2% proof stress.

Chapter 4
Microtexture analysis of cold rolled and annealed
twinning-induced plasticity steel

Article below removed for copyright reasons, please refer to the citation:
A. A. Gazder, A. A. Saleh, E. V. Pereloma (2011). “Microtexture analysis of cold rolled and
annealed twinning-induced plasticity steel”, Scripta Materialia 65: 560-563.

Abstract:
The microtexture evolution of cold-rolled and isochronally annealed Fe–24Mn–3Al–2Si–1Ni0.06C twinning-induced plasticity steel is investigated by electron back-scattering diffraction.
Novel deconstruction techniques are applied to cold-rolled and partially recrystallized maps.
The formation of cold-rolling texture via composite slip/twin deformation pattern is
corroborated by the relatively random spatial distribution of twinned and untwinned grains.
Whereas the orientations of the newly nucleated grains are similar to the deformation texture,
orientation-dependent, stored energy and second-order twinning contribute to the end
recrystallization texture.

Chapter 5
On the evolution and modelling of lattice strains
during the cyclic loading of TWIP steel

ON THE EVOLUTION AND MODELLING OF LATTICE STRAINS DURING THE CYCLIC LOADING OF
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Abstract
The evolution of lattice strains in fully annealed Fe-24Mn-3Al-2Si-1Ni-0.06C TWinning Induced
Plasticity (TWIP) steel is investigated via in-situ neutron diffraction during cyclic (tensioncompression) loading between strain limits of ±1%. The pronounced Bauschinger effect observed
upon load reversal is accounted for by a combination of the intergranular residual stresses and the
intragranular sources of back stress such as dislocation pile-ups at the intersection of stacking faults.
The recently modified Elasto-Plastic Self-Consistent (EPSC) model which empirically accounts for both
intergranular and intragranular back stresses has been used to elucidate the contribution of various
deformation mechanisms; perfect/partial slip and twinning to the deformation accommodation. With
respect to simulating the Bauschinger effect during unloading, good agreement is obtained when
twinning is treated as a directional slip system (Case I) while even better predictions are obtained
when the twinning scheme accounts for the stress relaxation effects associated with twinning (Case II).
However, the best prediction of the Bauschinger effect is achieved when the reversibility of partial slip
in the 112 direction is accounted for (Case III). The last case emphasises the potential contribution
of the stress-induced separation of partial dislocations to the observed early yielding at the low strain
levels employed in this study. On the other hand, Cases I and II capture the asymmetric tensioncompression behaviour while Case III does not. This has been attributed to Cases I and II accounting
for the irreversibility (or directionality) of twinning as well as Schmid factor considerations. For the
strain limits used in this study, the EPSC model also predicts that the permanent softening frequently
reported with the Bauschinger effect is a geometrical or loading path effect.
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1. Introduction
TWinning Induced Plasticity (TWIP) steels containing 25-35 wt.% Mn with small additions of Al
and Si have been developed as a promising material for automotive applications due to their
characteristically extended period of work hardening under applied macroscopic (or type-I) stress [1].
TWIP steels comprise a stable face centred cubic (fcc) austenite phase with low stacking fault energy
between 18-40 mJ/m2. This low stacking fault energy initiates twinning along with dislocation glide
during room temperature deformation.
Twinning affects the high work hardening rate through either of two predominant mechanisms: (i)
isotropic hardening or the “Dynamic Hall-Petch effect” or, (ii) kinematic hardening or the “Bauschinger
effect”. In addition to lattice friction and forest hardening effects, isotropic hardening in TWIP steels
has been ascribed to reductions in the mean free path of dislocations caused by the twin boundaries
acting as obstacles to further glide [2-4]. Isotropic hardening does not imply that the material itself is
isotropic. Rather, the material exhibits a symmetric expansion of the yield locus without a shape
change such that the stresses on the yield locus increase by the same amount in all directions [5, 6]. On
the other hand, kinematic hardening has been attributed to the presence of an internal forward stress
on the twins and an internal back stress on the matrix [2, 4]. It results in a translation of the yield locus
in the direction of the loading without changing its size or shape. Thus kinematic hardening in the
direction of loading causes a change in the flow stress in all other directions [6]. In this regard, while
several experimental and theoretical investigations have correlated the strain hardening behaviour of
low stacking fault energy materials with their twinning activity in terms of the isotropic hardening
effect [3, 7-9], limited details are available on the contribution of kinematic hardening or the
Bauschinger effect to the overall strain hardening [2, 4].
The Bauschinger effect is generally manifested by a lowering of the yield stress upon load reversal
and an extended elasto-plastic transition region. The phenomenon is generally explained through
internal stress and/or dislocation -based theories [10]. The Bauschinger effect was initially ascribed to
internal stresses and macroscopic residual stresses arising from the inhomogeneous deformation of
individual grains [11] due to the anisotropy in their elastic moduli and yield strength with orientation
and/or different phases [12]. Such internal stresses that self-equilibrate at length scales comparable to
the grain structure are known as intergranular or type-II stresses [13].
Thereafter, dislocation-based theories were introduced in order to explain the Bauschinger effect in
single crystal experiments [14, 15] and to correlate this effect with intragranular or type-III stresses
acting at the crystal structure level. Here the dislocation theories can be classified into two main
approaches following: (i) Mott [16] and Seeger et al. [17], or (ii) Orowan [18]. In the first approach, the
long range back stresses generated due to the dislocation pile-ups at microstructural barriers (such as
grain boundaries, sessile dislocations and second-phase particles) during forward loading aid
dislocation motion when the slip direction is changed during reverse loading. However, Orowan
64

pointed out that the back stresses generated from the above scheme would result in a significant
permanent softening effect whereas the experimental evidence indicates the persistence of strain
hardening after reverse loading [18]. In order to account for the strain hardening during reverse
loading, he suggested a complementary dislocation-based mechanism that relies on the
anisotropic/directional resistance to dislocation motion. Thus, the transient softening is attributed to
the statistical sampling of localised barriers such that a forward moving dislocation encounters a
stronger string of obstacles than it does immediately after reversing its direction. In summary, it is
emphasised that both, internal stress and dislocation theories (or intergranular and intragranular
effects) are relevant when explaining the Bauschinger effect in polycrystalline materials.
To this end, the magnitude of the Bauschinger effect in single phase alloys is generally dependent
on the stacking fault energy such that a greater lowering in yield strength upon reverse loading is
associated with lower stacking fault energy values [19]. The significant Bauschinger effect in low
stacking fault energy materials is related to the planar nature of their slip and the consequent
reversibility of their dislocations. Moreover, in Hadfield steel single crystals [20], TWIP steel [2] and
brass [21], deformation twinning is accompanied by a prominent Bauschinger effect.
Karaman et al. [20] ascribed the twin-related Bauschinger effect to the long range back stresses
generated by the dislocation pile-ups at twin boundaries. Gil Sevillano [4] attributed the generation of
back stresses to the high strength of the nanometer-sized twin thicknesses. In agreement with Ref. [4],
a transmission electron microscopy (TEM) study on TWIP steel further clarified that the high strength
of the twins is due to the existence of sessile dislocations (the density of which depends on the alloying
content) within the twin lamellae [22]. Thus, the above explanation for the observed back stress
attributes the enhanced work hardening in TWIP steel to the composite strengthening provided by the
“harder” twins and the “softer” austenite matrix.
While the role of the above intragranular sources to the back stress can be analysed by TEM-based
local area diffraction experiments, no such work has been undertaken to-date. On the other hand, the
evolution of intergranular stresses during the uniaxial loading of Fe-25Mn-3Si-3Al has been
characterised by in-situ synchrotron X-ray diffraction [23]. However, the contribution of these
intergranular sources to the back stress can only be quantified by in-situ diffraction measurements
during cyclic loading (for example - tensile-compression, compression-tension or forward-reverse
torsion tests).
The internal strain evolution during cyclic loading allows assessment of the contribution of
intergranular stresses to the Bauschinger effect. The coupling of neutron diffraction (ND) with an insitu cyclic testing apparatus enables the simultaneous tracking of the changes in the internal strains
along with the bulk response. While several in-situ ND experiments during uniaxial cyclic loading were
performed on hexagonal close-packed materials (e.g.: Refs. [24, 25]), the very limited studies
undertaken on single phase fcc materials have only focussed on austenitic stainless steel which
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deforms solely by slip [26, 27]. Consequently, there are no reports of similar experiments on low
stacking fault energy fcc materials such as TWIP steel that deforms via concurrent slip and twinning.
The in-situ ND measurements in turn can be further interpreted using an Elasto-Plastic SelfConsistent (EPSC) polycrystal plasticity model [28]. The EPSC model simulates both, the macroscopic
stress-strain behaviour as well as the average response of the various grain orientations. While the
original EPSC model implements a Voce law and inherently accounts for the intergranular contribution
to the back stress, a recent modification incorporating a non-linear kinematic hardening rule applied
to the hardening of slip systems captures the effect of intragranular sources on the back stress [27].
Throughout the paper and following the notation used in Ref. [27], the term “isotropic hardening”
refers to the Voce law imposing a non-directional, monotonically increasing hardening of deformation
systems. It is emphasised that unlike the classical isotropic hardening definition given earlier, the use
of the term “isotropic” from hereon does not necessitate a proportional expansion of the single crystal
yield surface while retaining its shape. While such proportional expansion of the yield surface requires
that the rate of increase in the critical resolved shear stress is the same for all deformation systems, it
is not enforced here during EPSC modelling. Rather, a Voce law with different parameters for each
deformation mode will be used.
While the classical mechanics definition of kinematic hardening given above is synonymous with a
rigid translation (or displacement) of the entire yield surface, it does not enable the prediction of
general strain path changes. In the modified EPSC scheme, only the active facet (and its opposite facet)
of the single crystal yield surface is displaced in the same direction. Thus the yield surface in other slip
directions remains unaffected. This approach is more representative of the real material behaviour
since it correlates with the reversal of dislocations on a given slip plane [26]. Consequently, the nonlinear kinematic hardening rule empirically accounts for the aforementioned directional-planar
mechanisms.
Lastly, it should be stated that a universal physical description of hardening during cyclic loading
(or kinematic hardening in general) should take into account the influence of deformation-induced
dislocation microstructures on the intragranular back stress (for example, the composite scheme
suggested in Refs. [29, 30]) when evaluating material response at large strains or more complex strain
path changes or with further number of cycles. However, the present experiment along with the
modified EPSC model strictly deals with uniaxial load reversal at small strains; where the Bauschinger
effect is mostly related to the reversal of dislocation motion [27].
With the above outlook in mind, the present study is the first to characterise the Bauschinger effect
in TWIP steel using neutron diffraction. It is also the first time that the modified EPSC model is applied
on an fcc material that deforms via concurrent slip and twinning. Hence the ND experimental data set
further validates the performance of the modified EPSC model. For the first time, the various
66

deformation accommodation modes in TWIP steel have been analysed such that in addition to slip,
deformation twinning is simulated in the EPSC model using two case constructs. In the first case,
twinning is treated simply as a directional slip mechanism. In the second case, the “twinning scheme”
developed by Clausen et al. [31] has been employed in order to account for the volume effect of
twinning on texture evolution and stress relaxation. Lastly, since dislocations gliding on the {111}
plane

in

the

110

direction

can

easily

dissociate

into

112

Shockley

partials

( a 2[101]  a 6[112]  a 6[211]  fault ) in low stacking fault energy fcc materials [5], a third
modelling case assesses the contribution of deformation faulting or slip by partials. The effect of the
initial uniaxial loading direction and the influence of the loading path on the permanent softening
effect for the strain levels used in the present study are also discussed.

2. Experimental procedure
The nominal composition of the present TWIP steel is 24Mn-3Al-2Si-1Ni-0.06C wt.%. The cast slab
was 52% hot rolled and then 42% cold rolled followed by isochronal annealing. The heat treatment
included 240 s of heating to stable temperature followed by 300 s of soaking time and immediate
water quenching. Full recrystallisation was attained after annealing at 850 °C with a recrystallised
grain size of ~7 µm [32]. A round tension/compression sample of 7.62 mm (0.3") gage length and 2.54
mm (0.1") diameter was machined from the fully recrystallised material with its gage length parallel to
the rolling direction.
In-situ neutron diffraction measurements were performed at the Spectrometer for Materials
Research at Temperature and Stress (SMARTS) diffractometer at the Manuel Lujan Jr. Neutron
Scattering Center, LANSCE, Los Alamos National Laboratory [33]. A schematic of the sample and the
diffraction geometry is shown in Fig. 1. The sample is oriented at 45° relative to the incident beam. The
two detector banks on either side of the sample are at ±90° relative to the incident beam and
simultaneously record data with diffraction vectors parallel (Q∥) and perpendicular (Q⊥) to the applied
load. The incident neutron beam was defined by 3×3 mm2 boron nitride apertures and each diffraction
pattern took ~3000 s to record.
Cyclic uniaxial tension-compression loading between strain limits of ±1 % were performed using
strain control on a purpose-built horizontal Instron load frame [33]. Five complete tensioncompression cycles were performed followed by a sixth tension half cycle. For the first three complete
tension-compression cycles, diffraction patterns were acquired at predetermined strain levels.
Thereafter, diffraction patterns were measured at the maximum tension, maximum compression and
zero unload points for the fourth complete and sixth half cycle. The fifth cycle was skipped due to
beam time constraints. Throughout the experiment, an extensometer that spanned the irradiated
region remained attached to the sample in order to negate load frame compliance errors.
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Data analysis comprised single peak fitting and Rietveld refinement using the General Structure
Analysis Software (GSAS) [34]. Single peak fitting enables following the response of individual lattice
reflections {hkl} to deformation and thus directly provides information on intergranular effects.
Alternatively, Rietveld refinement effectively averages out any intergranular effects as it fits the whole
diffraction pattern over a range of d-spacings (0.5–2.5 Å) and provides an average lattice parameter
based on all the measured lattice planes.
The changes in the individual peak positions during deformation as returned from single peak
fitting were used to calculate the {hkl} specific lattice strains (  hkl ) using:

 hkl 

0
d hkl  d hkl
0
d hkl

Eq. (1)

0
where, d hkl is the instantaneous lattice spacing at any strain step and d hkl
is the unstrained

interatomic spacing. Since the material is fully annealed and cubic crystals have an isotropic coefficient
of thermal expansion [35], the interplanar spacing at zero load (before the start of cycling) is a good
approximation of the unstrained interplanar spacing. Throughout the paper the lattice strain is
presented in units of micro-strain (µε) where 1 µε = 1×10-6. The uncertainty in the strain
measurements is a combination of the statistical uncertainty in the peak fitting (  d hkl ) based on the
standard deviation of the peak positions outputted from GSAS as well as the uncertainty of the
0
calculated unstrained lattice parameters (  d hkl
) [36]:

  d hkl

   

hkl
 d



 d0hkl 

d0hkl 

Eq. (2)

It is emphasised here that the lattice strains are a measure of the average elastic normal strain in
the direction of the scattering vector in the grains whose {hkl} lattice plane normal is parallel to the
scattering vector. In other words, they do not represent the state within a single grain but are an
average over a family of grains which fulfil the Bragg scattering condition for a given reflection.
Similarly, the changes in the average lattice parameter calculated from Rietveld refinement were
also employed to estimate the evolution of the average lattice strain in the austenite matrix (γ).
A typical axial diffraction pattern collected before the start of cycling is given in Fig. 2a with the
inverse pole figure (IPF) obtained from Rietveld refinement shown in Fig. 2b.
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Figure 1. Schematic of the Spectrometer for Materials Research at Temperature and Stress
(SMARTS) diffractometer.

(a)

(b)

Figure 2. (a) Axial diffraction pattern before the start of cycling. The red crosses show the measured
data points and the continuous black line is the Rietveld fit. The difference curve between the
measured data and the Rietveld refinement is shown below the plot. (b) Inverse pole figure (in the
axial loading direction) obtained from Rietveld refinement.
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3. Elasto-plastic self-consistent modelling
The EPSC model originally developed by Turner and Tomé [28] was used to simulate the
macroscopic stress-strain response and the evolution of lattice strains. The model is based on
Eshelby's equivalent inclusion theory [37] and implements the elasto-plastic formulation of
Hutchinson [38]. In the EPSC model, a single grain (or crystallographic orientation) is associated with
a volume fraction and is represented as an inclusion embedded in an infinite homogeneous effective
medium that corresponds to the polycrystalline aggregate. The solution of the equilibrium equation
between the ellipsoidal elasto-plastic inclusion and the surrounding elasto-plastic medium gives the
stress increment and total strain increment in the inclusion. Such increments are uniform within the
inclusion but vary in magnitude between one inclusion to another. While this scheme makes the
formulation numerically appealing, it does not capture intragranular inhomogeneities. The properties
of the homogeneous effective medium are the average properties of the single grain inclusions and are
not known in advance. These properties are calculated iteratively until they match the average of the
polycrystalline aggregate. The elastic response of the individual grains is described by the single
crystal elastic constants. The plastic response of the individual grains is described by activating the
various deformation systems (s) at predetermined values of the critical resolved shear stress (CRSS,

 crs ).
The EPSC model formulation has been detailed in previous publications [27, 28, 31] and only a brief
description is given here. In absence of thermal strains, the stress rate (  c ) of each grain is related to
the total (elastic + plastic) strain rate (  c ) via the following relation:





 c  C :   c   ms s 


s



Eq. (3)

where, C is the fourth rank elastic stiffness tensor, “:” denotes a contracted tensor product and

m 
s

s

is the plastic strain rate. The latter is the summation of the rate of plastic shear (  s ) of all the

s

active deformation (slip and twin) systems (s) within a grain resolved by the Schmid tensor ( m s ). Here
ms   ni b j  n j bi  2 where, n and b are the normalised slip or twin plane normal and the Burgers

vector of the deformation system, respectively. Thus, in order to initiate activity on a particular
deformation system, the resolved shear stress ( ms :  c ) has to first reach its CRSS. Thereafter, the
deformation system’s activity is sustained as long as the resolved shear stress rate ( ms :  c ) meets the
CRSS rate (  crs ) as it hardens upon straining [28].
Since the original EPSC model allows for variations in stress and strain between different grains, it
can inherently capture the effect of the intergranular stress but not the intragranular stress.
Consequently, without the incorporation of an intragranular back stress during reverse loading, the
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original EPSC model either fails to predict the Bauschinger effect [28] or provides only qualitative
agreement with the experimental evidence [26]. Recently, a non-linear kinematic hardening law was
implemented by Wollmershauser et al. [27] into the EPSC framework to account for the intragranular
effects upon reverse loading at low strain levels. The modified EPSC model successfully simulated the
macroscopic stress-strain response and the evolution of the lattice strain during the cyclic loading
(tension-compression between strain levels of ±2%) of 317L austenitic stainless steel which deforms
solely by slip.
The above intragranular back stress effect was captured by updating the activation conditions to
include a back stress term (  bss ) such that:

 sfor  ms :  c  bss

Eq. (4)

 sfor  ms :  c  bss

Eq. (5)

The  bss term accounts for kinematic hardening in individual slip systems as it reduces the resolved
applied stress by the directional back stress arising from the pile-up of dislocations at various barriers.
On the other hand,  sfor (originally denoted as the CRSS,  crs ) is the isotropic hardening term which is
associated with the non-directional accumulation of obstacles such as forest dislocations and/or
deformation twin boundaries. Thus with the accumulation of strain, the evolution of the  sfor term
accounts for the reduction in the mean slip path and the increased resistance to further dislocation
motion. The hardening of  sfor for each deformation mode follows an extended Voce hardening rule
such that [39]:
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Eq. (6)

An analogous relationship is employed to describe the evolution of the back stress [27]:








 0s,bs  s   0s  

s
s




x
1
,
bs
0



 bss   1s,bs  x0s   1s,bs  s   0s   1  exp  





Eq. (7)

where,  0s and  1s are the initial and back extrapolated critical resolved shear stresses and  0s and

1s are the initial and final asymptotic hardening rates for the forest hardening (for in Eq. (6)) and back
stress (bs in Eq. (7)) formulations.     s is the accumulated shear strain on all deformation
s

systems in a grain. The  0s and x0s terms are the strain and stress “memory” parameters which are
both initially set to zero during the first forward half cycle.
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In what follows, a slip system that is active during the forward loading is referred to as a forward
slip system (s). If the load is reversed, the slip direction of the forward slip system is reversed and the
slip system is denoted as a reverse slip system (-s).
Upon load reversal, the above “memory” parameters are updated such that: (i) the  0s value of the
reverse slip system at the start of the reverse half cycle is equal to the total accumulated shear (  tots ) of
the forward slip system at the end of the forward half cycle. Thus  0s accounts for the high initial
hardening rate of the reverse slip system. (ii) The x0s value of the reverse slip system at the start of the
reverse half cycle is equal to the positive resolved back stress (  bss ) of the forward system at the end of
the forward half cycle. Hence x0s reduces the CRSS of the reverse slip system by  bss . It is emphasised
that both of the aforementioned “memory” parameters are computed as a function of the strain path
and are not fitting parameters1. In the absence of intergranular contributions to the back stress, the
combined memory effects extend the elasto-plastic transition upon slip direction reversal and are a
manifestation of the dislocation-based mechanisms governing the Bauschinger effect [27].
As suggested by Lorentzen et al. [26], the resolved back stress of the active forward slip system is
coupled with the resolved back stress of the inactive reverse slip system such that:

 bs s   bss (if  s  0 )

Eq. (8)

The above constraint means that the rate of increase of the resolved back stress of the active slip
system is equal to the rate of decrease of the resolved back stress of the reverse slip system.
The kinematic hardening rules denoted by Eqs. (7 and 8) are strictly valid for slip systems only as
dislocations can reverse their slip direction upon load reversal. It follows that Eqs. (7 and 8) are
inapplicable to twinning due to its unidirectional nature.
Lastly, the activities on the various slip and twinning systems harden other each according to:

 s  V s h  s '
ss '

s'

Eq. (9)

where, depending on the hardening law V s  d s d  or d s d s and h ss ' is the latent hardening
matrix. The hardening matrix has diagonal values (or the self-hardening) of one. In the current work,
the off-diagonal values were also set to one such that all deformation systems are assumed to
contribute equally to the hardening of each other, i.e.- equal latent hardening is assumed.

It should be noted that: (i) the evolution of the CRSS (Eq. 6) depends on the total grain shear (  ) whereas the
evolution of the back stress (Eq. 7) is a function of single slip system shear (  s ). (ii) Eq. 7 does not involve an
initial CRSS as it is accounted for in Eq. 6. See Ref [27] for further details.
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In this study, three modelling cases have been applied to simulate the changes in macroscopic
response and lattice strain in a TWIP steel that deforms by concurrent slip and twinning. They are
detailed as follows:
(i) Case I follows the original EPSC model where twinning is treated as a directional slip
mechanism. Thus while a twin system requires a CRSS to be activated, it is only operative in one
direction. In this case, twinning is not associated with a reoriented volume.
(ii) Case II utilises an alternate “twinning scheme” which has been incorporated into the EPSC
model by Clausen et al. [31]. This scheme accounts for: (i) the volume effect of twinning on texture
evolution and, (ii) the stress relaxation associated with the twin formation. With regard to the volume
effect, the reorientation by twinning for the low strain levels employed in this study is rather limited.
Consequently, the volume effect of twinning on the texture evolution at these strain levels can be
presumed to be insignificant. In fact, the volume effect of twinning in fcc polycrystals is generally
limited even at higher strains [40]. Alternatively, the stress relaxation effect is achieved via the so
called “finite initial fraction” approach; wherein the twin is assumed to grow to a fixed volume fraction
of its parent grain at the nucleation stage. In this scheme, the plastic shear of the twinning system
generates a back stress between the parent and the twin due to the constraint of the surrounding
polycrystalline aggregate.
In Cases I and II, 24 {111}110 perfect slip systems (counting both forward and reverse slip
directions) and 12 {111}112 forward twinning systems were introduced into the EPSC model.
Additionally, the kinematic hardening parameters for twinning were set to zero.
(iii) Case III assesses the contribution of deformation faulting or slip by partials. Case III is based on
the idea originally suggested by Hu et al. [41] to explain the transition from Copper to Brass–type
textures in low stacking fault energy fcc materials. The mechanism involves glide on a fixed {111} slip
plane in either the conventional 110 or partial 112 directions. However, it was also pointed out
that the operation of single 112 partials would result in excessive faulting and limited strain
accommodation [41, 42]. Consequently, Kocks and Necker [42] suggested that net 112 slip can be
achieved by the simultaneous glide of two 110 slip vectors. Following the same idea, Chin [43] also
highlighted the possible contribution of deformation faulting to the wire texture development in low
stacking fault energy materials as the wide separation of partials switches the effective slip direction
from 110 to 112 .
For Case III, 24 {111}112 partial slip systems were included in order to assess the effect of
deformation faulting on the evolution of lattice strains and the macroscopic stress-strain response. A
similar approach was adopted by Beyerlein et al. [44] during the Visco-Plastic Self-Consistent (VPSC)
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modelling of the rolling texture in Ag-Cu cast eutectic nano-composite. Therein, a dominant partial slip
was enforced in order to assess the contribution of deformation faulting to the texture evolution.
In summary, Case I treats twinning as a directional slip mechanism, Case II accounts for the stress
relaxation effect and Case III only considers partial slip systems. While the above modelling Cases
assess different aspects of TWIP steel deformation behaviour, the physical reality of deformation
accommodation is the result of the concurrent and competing interaction between perfect and/or
partial slip and twinning.
Additional EPSC model inputs include the initial sample texture and the single crystal elastic
constants. The orientation distribution function (ODF) obtained from X-ray diffraction in Ref. [32] was
discretised into 5000 single orientations with varying volume fractions chosen to reproduce the initial
texture. Since the single crystal elastic constants of the present TWIP steel are not known, interpolated
values (Table 1) were estimated from the ab-initio calculations of the elastic properties of Fe-Mn-Al/Si
alloys [45].

Table 1. The single crystal elastic constants (C, GPa) used in the EPSC model, the corresponding
compliance constants (S, TPa-1) and the elastic anisotropy factor (A).
C11

C12

C44

S11

S12

S44

A = 2 C44/(C11 – C12) = 2 (S11 – S12)/S44

161.5

110.3

133.3

13.89

-5.64

7.5

5.2
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4. Experimental results
4.1. Macroscopic behaviour during cyclic loading
The macroscopic stress-strain response obtained during cyclic loading is shown in Fig. 3a whereas
the absolute stress ( |  | ) versus the total macroscopic strain for the first three cycles is plotted in Fig.
3b. All macroscopic stresses and strains are shown using their true values. The neutron diffraction
measurements were done while holding the sample at constant strain and the stress relaxation
observed during the period of neutron data collection (see Fig. 3a) is represented by time-averaged
stress values in Fig. 3b (denoted as red squares, blue diamonds and green triangles for cycles 1 to 3,
respectively). The maximum stress ( max ) at the end of each tension and compression half cycle is
extracted from Fig. 3a and shown in Fig. 3c as a function of the number of half cycles.
From Figs. 3a and c, it is clearly evident that the increase in the macroscopic flow stress upon
multiple tension-compression cycling approaches saturation by the sixth cycle. It is also noted that the
maximum stress during the compression half cycles is ~7% higher than the maximum stress during
tension half cycles throughout the experiment.
In Fig. 3a, the relatively sharper elasto-plastic transition during macro yielding (~290 MPa) in the
first tensile half cycle is markedly different from the more gradual elasto-plastic transitions recorded
when multiple cycling between tension-compression or compression-tension is undertaken. More
importantly, the maximum stress at the end of the first tension half cycle is ~320 MPa. Upon load
reversal, yielding occurs during the unloading and before the macroscopic stress crosses the abscissa
at ~+100 MPa. This is also associated with an anelastic strain ( anelastic ) of ~0.04% during unloading
from either tension or compression half cycles (illustrated in Fig. 3a using a dashed line when
unloading from tension to compression). All of the above observations are manifestations of a
pronounced Bauschinger effect.
A more quantitative estimation of the Bauschinger effect is obtained by the method originally
suggested by Cottrell [46] and implemented by Kuhlmann-Wilsdorf and Laird [47]. Here the cyclic
flow stress is divided into a friction stress and a back stress. The friction stress is independent of the
direction of loading and is described as the stress required to keep the dislocations moving in the
atomic lattice. It is therefore associated with short-range interactions such as lattice friction and forest
hardening effects. On the other hand, the back stress comprises intragranular and intergranular stress
contributions and aids yielding upon reverse loading. In this approach, the hysteresis loop is
considered to be symmetrical such that the small differences in the stress levels between forward and
reverse loading half cycles are neglected. Friction ( F ) and back ( B ) stresses are determined as
follows:
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(a)

(b)

(c)
Figure 3. (a) The macroscopic stress-strain curve during cyclic loading, (b) the first three cycles
plotted in terms of the absolute macroscopic stress (|σ|) and total macroscopic strain with the points
depicting time-averaged data during collection of the neutron diffraction patterns, and (c) the
evolution of the maximum and back tensile and compressive stresses (absolute values) during cycling.
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max  F  B

Eq. (10)

R  F  B

Eq. (11)

where, max is the maximum stress at the forward loading half cycle and  R is the yield stress after
load reversal taken as the point of deviation from elasticity. Consequently,  B is defined as:
B 

max  R
2

Eq. (12)

For example, applying Eq. (12) after the first tension half cycle with max = 320 MPa and R = 100
MPa results in a back stress of 210 MPa. This value of back stress is ~65% of the maximum stress at
the first tension half cycle. The evolution of the back stress with further cycling is also shown in Fig. 3c.
The back stress to maximum stress ratio decreases slightly from ~65% to ~62% after the sixth cycle.

4.2. The evolution of lattice strains
The evolution of the lattice strains during the first tension half cycle is given in Fig. 4a for various
grain families as obtained from single peak fitting. A linear fit was applied to the initial elastic response
(up to σ <150 MPa) of each grain family in both, axial and radial directions in order to obtain the
material diffraction elastic constants listed in Table 2. For cubic crystal systems, the elastic modulus of
any {hkl} plane with its normal direction parallel to the loading axis is given by [48]:

1
1
h 2 k 2  k 2l 2  h 2l 2
 S11  2[( S11  S12 )  S44 ]
Ehkl
2
(h2  k 2  l 2 )2
where,

S11 ,

S12

and

S 44

are

the

elastic

compliance

Eq. (13)
constants.

The

term

(h2 k 2  k 2l 2  h2l 2 )/(h2  k 2  l 2 )2 is an orientation factor that signifies the directional dependence of

the modulus such that it ranges from 0 for {200} orientations to 1/3 for {111} orientations.
Consequently, the {200} orientations are the most elastically compliant orientations while the {111}
orientations are the stiffest orientations in the direction of uniaxial loading.
In agreement with the earlier observations on austenitic stainless steel [49], the axial lattice strain
response of the {200} grain family appears to exhibit the double inflection behaviour (blue curly
brackets in Fig. 4a) comprising the three deformation stages of linear elastic loading, gradual
transition to plasticity and a second linear stage following complete yielding (this third stage has a
smaller slope value when compared to the first stage). Being the elastically most compliant
orientation, the {200} grain family exhibits the highest tensile lattice strain in the axial direction
during the elastic regime (Fig. 4a).
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(a)

(b)

(c)

(d)

Figure 4. (a) The evolution of the lattice strains in the various grain families in the axial and radial
loading directions during the first tension half cycle. (b) The change in the axial lattice strain with total
macroscopic strain during the first three cycles. The average lattice strain evolution for the γ-austenite
phase is superimposed in (a and b). (c) The stress calculated from Eq. (14) compared to the measured
macroscopic stress as a function of the total macroscopic strain. (d) The evolution of the plasticityinduced intergranular lattice strains in the axial direction with the total macroscopic strain.
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Table 2. The measured and EPSC simulated axial and radial elastic moduli for the various grain
families. The measured and EPSC simulated bulk moduli as well as the calculated average modulus for
the austenite phase (γ) from Reitveld refinement are also given.
E-Axial

E-Radial

{hkl}

Single crystal
(GPa)

Measured
(GPa)

EPSC
(GPa)

Measured
(GPa)

EPSCND
(GPa)

EPSCTD
(GPa)

{111}

296

273

237

-1063

-1300

-1259

{200}

72

144

130

-445

-400

-392

{220}

167

197

197

-708

-857

-756

{311}

112

176

166

-653

-598

-595

Bulk

–

188

178

–

-681

-650

γ

–

188

–

-696

–

–
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In the elastic-plastic transition region, the {200} grains exhibit a higher rate of increase in elastic
strain than the other grain families. The changes in slope observed in the elastic-plastic transition
region are governed by a combination of the elastic and plastic anisotropy of the material such that
grains with a low directional strength-to-stiffness ratio will yield earlier than grains with a high
directional strength-to-stiffness ratio [50]. The grain families that yield first will exhibit an increase in
slope because they no longer accumulate elastic strain at the same rate; as some of their total strain is
now plastic strain. Thus the grain families that stay elastic exhibit a decrease in slope as they have to
carry the load shed by the yielding grains. For cubic materials with high elastic anisotropy, it is the
{200} grains that stay elastic the longest and thus exhibit the largest increase in elastic lattice strain.
Consequently, due to the above described elastic and plastic anisotropy effects, the {200} grains
develop the highest intergranular strains in the plastic regime (also see Section 4.3 for further details).
In other general observations related to Fig. 4a, the smaller negative lattice strains that develop in
the radial direction (perpendicular to the load axis) are due to Poisson’s effects. Additionally, the
larger scatter recorded for the {220} orientations is associated with their small volume fraction in the
initial texture (refer to the IPF in Fig. 2b). The small volume fraction also results in a higher
uncertainty in the lattice strain calculated for the {220} grain family (~60µε) during single peak fitting.
This value can be compared to the ~35µε uncertainty recorded for the {111} and {311} grain families.
Based on the Rietveld refinement, the average lattice strain in austenite (γ) is shown as black lines
without any symbols in Fig. 4a. The slope of the elastic portion in the axial direction matches the
measured bulk elastic modulus of 188 GPa (Table 2). Additionally, the slope in the radial direction
returns an elastic modulus of 696 GPa and a Poisson’s ratio of 0.27. In single phase materials, load
partitioning occurs amongst different orientations (as seen in Fig. 4a). Since the Rietveld-based lattice
strain effectively averages out any intergranular effects, the linearity in the relationship between the
macroscopic stress and the average lattice strain in austenite (γ) should be maintained beyond
yielding. However, in Fig. 4a, slight deviations from linearity are noted in both, the axial and radial
directions. This point is discussed further in Section 6.2.
The changes in the lattice strain of the various grain families in the axial direction as a function of
the total macroscopic strain for the first three cycles is shown in Fig. 4b. Since the diffraction
technique detects only changes in the elastic lattice strain, the measured lattice strain is necessarily
proportional to the sum of the type-I and type-II stresses on a particular grain family [25]. As such, the
representation in Fig. 4b is also an approximation of the load partitioning between the various grain
families based on axial direction data. In accordance with the explanation for Fig. 4a, while the {111}
and {331} orientations (the latter grain family is not shown in Fig. 4b) are the first to cease
accommodating elastic strains, the {200} orientations exhibit the largest increase in elastic lattice
strain through all tension and compression half cycles.
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Fig. 4b also provides an example of the variation in lattice strains between the {111} and {220}
orientations with respect to the direction of loading. Here the values of the lattice strain vary
interchangeably between these two grain families such that the {111} orientations return smaller
values compared to the {220} orientations during the tension half cycles and higher values during the
compression half cycles.
It is emphasised that the above approximation of the load partitioning between the various grain
families does not account for the lattice strains in the radial direction. In this regard, the radial lattice
strains are not straightforward to interpret since they comprise grain families with different plane
normals parallel to the direction of loading [49]. Alternatively, by assuming that the Rietveld-based
lattice parameter represents the average response of the entire phase, the average axial and radial
lattice strains in austenite (γ) can be converted to the macroscopic stress (   ) using Hooke’s law [13]:

 

 Ax


( Ax  2 Rd )
  
(1   ) 
(1  2  )

E

Eq. (14)

where, E and   are the elastic modulus and Poisson’s ratio calculated from the average lattice
strain in austenite and  Ax and  Rd are the average lattice strains in the axial and radial directions,
respectively. It is noted that while Hooke’s law has been applied to the average lattice strain (γ), it
must not be applied to the plane-specific lattice strains due to the significant anisotropy in the present
TWIP steel. The latter violates the isotropy assumption implicit in Eq. 14. As seen in Fig. 4c, the
calculated stress values are in very good agreement with the experimental macroscopic stress-strain
response. Here the Rietveld-based lattice parameter can be viewed as an internal gauge that tracks the
macroscopic response.

4.3. The evolution of plasticity-induced intergranular strains
The partitioning of stress between differently oriented grain families is due to a combination of
elastic and plastic anisotropy. While elastic anisotropy is associated with the directional dependence
of the elastic modulus, plastic anisotropy is attributed to inhomogeneous deformation caused by the
variation in the resolved shear stress (Schmid factor) on the different active slip systems for various
crystallographic orientations [51]. Consequently, the measured lattice strain (  hkl ) in the axial
direction for a given {hkl} grain family is a combination of elastic and plastic contributions which is
expressed as follows:
el
int
 hkl   hkl
  hkl



Ehkl

int
  hkl

Eq. (15)
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el
  / Ehkl corresponds to the linear elastic strain at macroscopic true stress (  , or type-I
where,  hkl

int
stress) and  hkl is the plasticity-induced intergranular strain contribution due to type-II stresses. In
int
other words,  hkl signifies the extent of the deviation from the extrapolated linear elastic response

beyond yield. Accordingly, Fig. 4d was plotted by calculating the difference between the recorded
lattice strain and the linear fit of the elastic regime for each grain family. The {200} orientations
exhibit the largest deviation from linearity whereas both, {111} and {311} orientations have relatively
smaller intergranular strains (~<300 µε) throughout cycling. The {200} orientations also exhibit an
asymmetry in the magnitude of the intergranular strains with higher values recorded during
compression half cycles. Moreover, while the intergranular strains of the {111}, {200} and {311}
orientations all follow the sign of the loading, the {220} orientations exhibit the opposite sign response
such that they have relatively smaller compressive intergranular strains during the tension half cycles
and higher tensile strains during the compression half cycles.

4.4. Residual strains
The residual lattice strains measured after unloading from each tension and compression half cycle
is shown in Figs. 5a and b, respectively. It is recognised that the anelastic effects associated with the
early yielding during load reversal and the time relaxation effects during diffraction measurements (cf.
Fig. 3a and Fig. 6d) influence the lattice strain measurements at the zero unload points. However, the
delineation of the residual strains provides an estimate of the intergranular sources of back stress to
the overall Bauschinger effect. In the following paragraphs, the positive and negative signs denote
tensile (+) and compressive (-) residual strains or stresses.
As seen in Figs. 5a and b, the {200} grain family has the highest axial tensile and compressive
strains after unloading from the tension and compression half cycles, respectively. Irrespective of the
loading direction, these residual strains tend to saturate after the third half cycle (at approximately
+800 µε and -900 µε). The axial {111} grain family exhibits the smallest residual strain after unloading
from both tension and compression half cycles2. The {220} grain family develops limited compressive
strains (~120 µε) after unloading from the tension half cycles but has higher tensile strains (~400 µε)
upon unloading from the compression half cycles. To serve as an example, the residual tensile (+)
strain in the {220} family (Fig. 5b) after a compression half cycle will promote early yielding in a
subsequent tension half cycle. On the other hand, the residual strains developed in the {200} and {311}
grain families follow the sign of the applied macroscopic stress such that they do not assist in early
yielding upon subsequent load reversal.
After unloading from the fourth compression half cycle, the axial residual strain in Fig. 5b for the {111} grain
family is compressive; which is opposite to the trend seen in the first three cycles. Since additional data points
were not acquired beyond the fourth compression cycle, it is not possible to verify whether this change in the
sign of the residual strain will persist with further cycling or is associated with data uncertainty.
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(a)

(b)

Figure 5. Change in the lattice strains in the axial direction after unloading from (a) tension and (b)
compression half cycles.
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The recorded residual strains need to be converted to stresses in order to determine the exact
contribution of intergranular stress to the observed back stress. As stated in Section 4.2, Eq. (14)
cannot be applied due to the significant anisotropy between different grain families in the TWIP steel.
Thus, if radial data is ignored, an approximate estimation of the magnitude of intergranular stresses
can be obtained when the axial residual strain is converted to stress via the measured diffraction
elastic constants (Table 2). For example, the axial residual strain of the {220} grain family after
unloading from compression half cycles is ~+400 µε. This results in an intergranular stress of ~+80
MPa that aids yielding upon subsequent tension.
With respect to the average lattice strains (γ) obtained via Rietveld refinement, small tensile and
compressive residual strains were recorded along the axial direction after unloading from the tension
and compression half cycles, respectively3 (Figs. 5a and b). If the loading curve (Fig. 4a) was fully
elastic, no residual average lattice strains should be expected. However, the existence of the average
residual strains in Figs. 5a and b corroborates the earlier observation of deviations from linearity in
the average lattice response (see Section 4.2).

5. EPSC simulations
Due to the load relaxation exhibited during the diffraction measurements, the EPSC model was
fitted to the stress-strain time averaged values (shown in Fig. 3b). The isotropic and kinematic
hardening parameters were adjusted until optimal correspondence with the experimental
macroscopic stress-strain was achieved. The parameters utilised for each of the three cases are listed
in Table 3. It should be noted that since the sample had a round cross-section, the exact direction of
the measured radial strains (perpendicular to the load axis) relative to the cold rolling normal (ND)
and transverse (TD) directions is not known. Consequently, while the experimental neutron data
comprises one set of radial strains, the EPSC results perpendicular to the load axis are given in the two
orthogonal directions that correspond to the cold rolling ND and TD and bound all radial directions.
The difference between the ND and TD predictions gives also an indication of the sensitivity of the
radial lattice strains to the exact population of the grains probed in the radial direction.

Although not shown in Fig. 5, small radial compressive and tensile residual average lattice strains were
observed after unloading from the tension and compression half cycles, respectively.
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Table 3. The Voce hardening parameters used in the EPSC model for slip and twinning (partial slip)
systems according to Eqs. (6 and 7).
Deformation system
Slip {111}110
Case

Hardening rule

 0s

 1s

(MPa) (MPa)
I*

II*

III

Forest (Isotropic)

 0s
(MPa)

Twin (Partial slip) {111}112

1s

 0s

 1s

(MPa) (MPa) (MPa)

 0s

1s

(MPa)

(MPa)

62

50

80

20

109

75

100

30

–

42

26500

750

–

–

–

–

63

20

100

20

111

60

100

20

Back stress (Kinematic)

–

54

27000

100

–

–

–

–

Forest (Isotropic)

–

–

–

–

62

30

65

40

Back stress (Kinematic)

–

–

–

–

–

38

35000

1100

Back stress (Kinematic)
Forest (Isotropic)

* In Cases I and II the kinematic hardening parameters for twinning were set to zero as Eq. (7) is
not applicable to unidirectional twinning.
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5.1. The elastic regime
The EPSC model predictions in the elastic regime are presented first since they are independent of
the case employed. The simulated bulk elastic modulus corresponds very well with the measured
macroscopic value (Table 2). The predicted axial and radial (given in two orthogonal directions, END
and ETD) elastic moduli of the various grain families are also listed in Table 2. The model is generally in
good agreement with the experimental diffraction elastic constants. However, discrepancies were
found for the {111} grain family such that more compliant (or lower) and stiffer (or higher) values
were predicted in the axial and radial directions, respectively.

5.2. The plastic regime
The three modelling cases have similar macroscopic stress-strain behaviour such that they are all in
very good agreement with the bulk experimental data as shown in Figs. 6(a-c). The experimental flow
curve is plotted as a dashed line while the solid dots are the time averaged stress and strain values
during the collection of the diffraction patterns. The EPSC simulations closely follow the experimental
hysteresis loop such that the modelled macroscopic flow stress also tends to saturate with further
cycling. The gradual elasto-plastic transition upon load reversal is generally well captured. However, a
zoomed-in view of the macroscopic curves when reversing from tension to compression during the
first cycle (Fig. 6d) shows that the partial slip scheme (Case III) provides the best agreement with the
experimental data as it yields similarly before crossing the abscissa.
Fig. 6d also shows that at the zero unload point, the sample contracts over the duration of the data
collection and undergoes time dependent relaxation. The effect of such contractions on the measured
residual strains is discussed in Section 6.4.
In addition to the ability of the three cases to predict the elasto-plastic transition upon load reversal
(or Bauschinger effect), Fig. 6e compares the ability of Cases I and III to capture the difference between
the maximum stress during the tension and compression half cycles4. While the directional slip
approach of Case I returns higher maximum stresses during compression half cycles (which is in
agreement with the experimental evidence shown in Fig. 3c), Case III fails to predict the observed
tension-compression asymmetry, which is a feature associated with twinning directionality (Fig. 6e).
The difference between the combined isotropic and kinematic hardening laws (used in Cases I to
III) and the original single isotropic hardening law [28] is shown in Fig. 6f. An EPSC simulation was
performed using the directional slip approach of Case I5 such that in comparison to the experimental
data, a sharper elasto-plastic transition is returned along with only a slight Bauschinger effect. The
4
5

Since Case II returns trends that are similar to Case I, it is not shown in Fig. 6e.
Applying Case II also returned similar results.
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poor agreement of the EPSC simulation after load reversal is because the original EPSC formulation
only captures the effect of the intergranular stress but not the intragranular stress.
In order to emphasise the role of stacking fault energy on the Bauschinger effect, the macroscopic
stress-strain behaviour of 317L austenitic stainless steel is shown in Fig. 6f for comparison. Here the
single crystal elastic constants, the hardening parameters for {111}110 slip and the texture used by
Wollmershauser et al. [27] have been used to reproduce the macroscopic stress-strain curve via the
EPSC model for a strain range of ±1%. Expectedly, the less pronounced Bauschinger effect in the 317L
alloy is associated with its higher stacking fault energy as compared to the present TWIP steel.
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(a)

(b)

(c)

(d)

(e)

(f)
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Figure 6. The experimental and EPSC simulated macroscopic stress-strain curves for: (a) Case I, (b)
Case II, and (c) Case III. (d) A zoomed-in view of the stress-strain curve at the zero unload point after
the first tension half cycle. (e) Comparison between Cases I and III predictions of the evolution of the
maximum tensile and compressive stresses (absolute values) during cycling. (f) The EPSC predicted
macroscopic stress-strain using the isotropic hardening rule only and when applying the modified
EPSC model to 317L stainless steel.
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The lattice strain predictions from the EPSC model are shown in Figs. 7 to 9. The lattice strains of
the various grain families during the first tension half cycle are given in Fig. 7. Since all three modelling
cases reasonably capture the shape, magnitude and width of the lattice strain hysteresis loops of the
various grain families during the first three cycles in both the axial and radial directions, only Case II
results are presented in Fig. 8. The maximum lattice strains predicted at the maximum load point of
each tension and compression half cycle are shown in Figs. 9a and, b respectively.
Considering that elastic effects in austenitic steel is dictated by the evolution of the internal strains
at low strain levels (~<2%) [52] and that there is uncertainty in the value of the single crystal elastic
constants of the present TWIP steel, the three modelling cases still return similarly satisfactory lattice
strain predictions for the first tension half cycle (Fig. 7). For example, in spite of the discrepancies
between the measured and simulated diffraction elastic constants for the {111} orientations (Table 2),
better correspondence between the experimental and simulated lattice strains is obtained beyond 150
MPa in both the axial and radial directions (Figs. 7a and b). Here the effect of the above discrepancy is
highlighted by the small deviation in the slope of the radial {111} hysteresis loop (Fig. 8a).
The evolution of the lattice strain of the {311} grain family is very well captured throughout the
loading cycles in both the axial and radial directions as seen in Figs. 7a and b, 8d, 9a and b.
As a further point of difference between the EPSC simulations and the experimental data, the
predictions of the lattice strains for the {200} orientations show greater disparities in both the axial
and radial directions (Figs. 7c and d). In the axial direction, both Cases I and II predict three inflections
with four stages (indicated by arrows in Fig. 7c) rather than the two inflection response seen in Fig. 4a.
The third inflection and the subsequent fourth stage is accompanied by a significant overestimate of
the predicted axial strains for the {200} grain family. This deviation could be attributed to the greater
influence of load relaxation on compliant orientations such as {200}. In contrast, Case III results in the
closest agreement with the experimental data and has less pronounced inflections. Consequently, Case
III provides better predictions of the maximum tensile lattice strain of the {200} grain family for the
tension half cycles (Fig. 9a). Alternatively, all the three cases slightly under predict the maximum
compressive lattice strain of the {200} orientations (Fig. 9b).
Another disparity in the EPSC model predictions is noted for the {220} grain family in the axial
direction (Figs. 7c and 8c). Slight under prediction of the axial lattice strains is seen in Fig. 7c along
with a leftward shift in the lattice strain hysteresis loops (Fig. 8c). Here the simulated loops are of the
correct width but are shifted towards lower lattice strains values such that under and over predictions
are obtained for the tension and compression half cycles, respectively. In the EPSC simulated lattice
strains, the shift is slightly less during the tension half cycles than the compression half cycles. This
variation is clearly seen in the better agreement obtained for the maximum tensile lattice strains (Fig.
9a) as opposed to the greater deviation in the maximum compressive lattice strains (Fig. 9b).
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Figs. 9c and d are the simulated residual lattice strains at the zero unload points after a tension or
compression half cycle, respectively. The discrepancies between experimental and EPSC modelled
residual lattice strains can be attributed to: (i) the model not accounting for the time dependent
relaxation effects at the zero unload point and, (ii) the disparity between the model and the measured
macroscopic behaviour during load reversal (highlighted in Fig. 6d). Here again the Case III partial slip
approach provides a better estimate of the {200} residual lattice strain. On the other hand, all three
modelling cases over predict the {220} orientations response after unloading from tension.
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(a)

(c)

(b)

(d)

Figure 7. The experimental and EPSC simulated evolution of the lattice strains during the first tension
half cycle in the axial (a, c) and radial (b, d) directions for the {111}, {200}, {220}, and {311} grain
families.
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(a)

(c)

(b)

(d)

Figure 8. The experimental and the Case II EPSC simulated evolution of the lattice strains in the axial
and radial directions during the first three cycles for the (a) {111}, (b) {200}, (c) {220}, and (d) {311}
grain families. The red dashed line = TD, and the dotted black line = ND.
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(a)

(b)

(c)

(d)

Figure 9. The experimental and EPSC simulated lattice strains: (a, b) at maximum tensile and
compressive stresses for each half cycle, respectively, and (c, d) after unloading from tension and
compression half cycles, respectively. Case I (

), Case II (

), and Case III (

).
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6. Discussion
6.1 Diffraction elastic constants, lattice strains and plasticity-induced intergranular strains
Fe-Mn-Al-Si TWIP steels tend to have lower C11 and C12 values (Table 1) compared to Fe-Cr-Ni
austenitic stainless steel (C11 = 198-205 GPa and C12 = 125-138 GPa) [53, 54]. This difference is
attributed to the so-called magneto-volume effect; i.e.- the coupling of the magnetic energy to the
elastic energy of a material [55]. Both Mn and Al have a lattice softening effect due to the strong
dependence of local magnetic moments on the lattice parameter (or volume) [55]. While such an effect
is less pronounced in shear-type elastic constants (C44 and ½(C11 – C12)), it is more prominent in
dilation-type elastic constants (C11 and C12) [56]. The lattice softening effect is associated with a
significant elastic anisotropy (A) such that the present TWIP steel returned a value of 5.2 (Table 1);
which is significantly higher than the average A values of 3.34-3.77 for austenitic stainless steels [53,
54]. Here the high elastic anisotropy value coupled with the low stacking fault energy affects
deformation faulting.
In Table 2, the variation in the elastic constants calculated from Eq. (13) for single crystals as
opposed to their measured and EPSC predicted values is due to the effects of the surrounding medium
in polycrystals [57]. In the case of the measured elastic constants, the difference in the modulus
between the stiffest {111} and most compliant {200} orientations is ~90%. This difference is higher
than the values of 60-68% reported previously for austenitic stainless steels [57, 58] and is also
associated with the higher elastic anisotropy of the current high Mn TWIP steel (Table 1).
The correspondence between the Rietveld-based average lattice strain and the lattice strain of the
{311} single peak fit should be noted (Fig. 4b). This verifies the adequacy in using the {311}
orientations as a measure of the macroscopic response as found previously in stainless steels [59].
Strictly speaking, the order of best correspondence found here between the lattice strain from single
peak fit and the Rietveld-based average lattice strain in austenite (γ) is {420}, {422} followed by {311}.
However, the {420} and {422} peaks exhibit larger standard deviations due to their poorer intensities
as compared to the {311} peaks.
With respect also to the post-yield behaviour (Fig. 4d), the plasticity-induced intergranular strains
of the {220} grain family opposes the sign of the macroscopic loading such that they are compressive () during the tension half cycles and tensile (+) during the compression half cycles. This variation in
sign is ascribed to the stress partitioning after yielding and indicates preferential plastic flow in {220} oriented grains. This opposite sign behaviour is also associated with the small volume fraction of the
{220} grain family compared to the other orientations (as seen in the IPF (Fig. 2b)). Hence, the {220}
and {200} orientations are the two limiting cases during plasticity such that the {220} orientations
yield more preferentially, while the {200} orientations develop the highest intergranular strains due to
the combined effects of elastic and plastic anisotropy. The above is in agreement with the self95

consistent modelling prediction of the axial elastic strain deviations from linearity in austenitic
stainless steel during uniaxial tensile loading [49]. Therein, the {111} and {311} orientations also have
the smallest deviation from linearity, the {200} orientations have the largest tensile intergranular
strains and the {220} and {331} orientations have the largest compressive intergranular strains.

6.2 Residual lattice strains
As shown in Fig. 5a and b, the residual lattice strains in the {200} grain family tends to saturate
after the third tension/compression half cycle. Pang et al. [58] made a similar observation during the
multiple tension loading-unloading of austenitic stainless steel. In that study, relatively large residual
axial strains (~+600 µε) were found in the {200} grain family after the first tension loading-unloading
cycle at ~2% strain. Thereafter, only small increases were detected upon multiple tension loadingunloading such that a final residual strain of ~+800 µε was reached after unloading at 7.2% strain. The
near-plateauing of residual strain values was ascribed to the saturation of elasticity such that the
subsequent evolution of lattice strains is predominated by plastic deformation.
In Figs. 5a and b, small axial tensile and compressive residual average lattice strains (γ) were
recorded after unloading from the tension and compression half cycles, respectively. These residual
strains are also reflected in the small tensile and compressive residual stresses (Fig. 4c) after
unloading from tension and compression half cycles, respectively.
However, residual stresses with the opposite sign have been reported in the literature during both
X-ray [60-62] and neutron [63] diffraction measurements which contradict the present results. In
these studies, axial compressive residual stresses were recorded after unloading from tension. Since
all residual stresses need to balance each other in order to maintain equilibrium, the above authors
have argued that the observed compressive residual stresses are counteracted by large tensile stresses
at small regions of high dislocation density. It is assumed that these small regions do not contribute to
the diffraction pattern (signifying a non-scattering volume) and remain unaccounted for in the
measurements.
More importantly, the sign of the residual lattice strains has also been found to be dependent on the
rate of unloading [64]. In this study, instantaneous unloading after tension resulted in compressive
residual strains whereas gradual unloading led to tensile residual strains. Furthermore, when the
rapidly unloaded sample was left mounted on the test frame, the initial compressive residual strain
was found to reverse to tensile residual strain over time [64]. The last observation has direct relevance
to this study as the time relaxation observed during the data acquisition can be used to help explain
the apparent disparity in the sign of the residual lattice strains. Here the data point after unloading to
zero load from the first tension half cycle is used as an illustrative example (cf. Fig. 6d). While the data
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collection was concurrent, the time relaxation indicates that the sample undergoes contraction and is
therefore, effectively under a compressive macroscopic strain.
With respect to the above hypotheses, further investigation is required to clarify the nature of the
residual strains and their dependence on the unloading mode and rate.
In order to delineate whether a sign change is occurring at the zero unload point or that the sign is
really inherited from the previous loading history, a plot of the macroscopic stress versus average
lattice strain can be used (cf. Fig. 4a for reference). Here if the initial linear elastic response is
extrapolated and its lattice strain value is subtracted from the measured lattice strain at the maximum
load, the magnitude of the lattice strain shifts from linearity (Δγ) is obtained. The broken orange line
denoted as Δγ-Axial in Figs. 5a and b shows that the sign of the calculated shifts is the same as that
measured at the zero unload points such that they are tensile (+) and compressive (-) during tension
and compression half cycles, respectively. The difference in magnitude between the γ and Δγ lines is
due to the combined influence of the early yielding and the time relaxation. Thus, regardless of the
contribution of the effects stated in Refs. [60-64], it is more likely that the sign of the residual lattice
strain at the zero unload points is actually indicative of the material state.
Another possible reason for the existence of the residual average lattice strain (γ in Fig. 5) is
deformation faulting. Previous studies on Cu [65] and the austenite phase in TRIP steel [66] have
reported an apparent deviation in the lattice parameter due to the peak shift associated with stacking
faults. In order to delineate effect of stacking faults from the macroscopic stress on the peak shifts, the
lattice strains of second order peaks (such as {222} and {400}) should be evaluated. However due to
the poor intensity of the second order peaks, a high standard deviation was returned such that
discrimination between the lattice strains of the first and second order peaks was not possible.
Alternatively, the difference in the lattice parameters calculated from the {111} and {200} reflections
should also not be used to estimate the possible effect of stacking faults on the apparent deviation in
the lattice parameter [67]. This is because the evolution of the lattice strains in response to the
macroscopic stress is different between the {111} and {200} orientations.

6.3 The modified EPSC model predictions
In Table 2, relatively large differences between the simulated and measured elastic moduli were
obtained for the {111} grain family such that more compliant and stiffer values were simulated in the
axial and radial directions, respectively. This disparity can be attributed to the imprecise knowledge of
the single crystal elastic constants.
For all other grain families, the difference between E ND and ETD is less than 5%; with the exception
of the {220} orientations which returned a 13% difference. The difference between the two orthogonal
97

elastic moduli of the {220} family grains is also apparent in Fig. 7d. In 309 stainless steel, Pang et al.
[58] reported a 30% difference in the slope of the {220} orientations between the transverse and the
normal directions. Oliver et al. [63] demonstrated that the elastic response of the transverse {110}
grain family in anisotropic cubic crystals is very susceptible to crystallographic texture as it is
controlled by the grain orientations perpendicular to it (i.e.- along the axial loading direction). These
grains comprise orientations distributed between 100 and 110 directions. Grains close to 100
are more susceptible to contraction while those close to 110 are more prone to expansion.
Therefore, the resultant response will be dictated by the exact distribution of the orientations along
the load axis which make up the radial {110} grain family.
Given the scatter in the lattice strains of the {200} orientations in the radial direction, the EPSC
model is still able to simulate the general trend very well (Fig. 7d). The observed deviation towards
lower lattice strain with increasing load was predicted previously in Ref. [49] and ascribed to the
combinations of grains that comprise the {200} family in the radial direction. Those grains possess
either an h00 or hk0 lattice plane normal parallel to the axial direction6. Clausen [49]
demonstrated that the plastic contraction of such orientations (except for those close to 100 ) is
considerably larger and results in heterogeneous lateral contraction in the radial direction. In turn,
this leads to high tensile stresses in the 100 direction and opposes the Poisson’s contraction.
To this end, the adequacy of Cases I to III in describing the underlying deformation mechanisms can
be assessed via two experimental features: (i) the Bauschinger effect (Fig. 6d) and (ii) the tensioncompression asymmetry (Fig. 6e). These two aspects are detailed in sections 6.4 and 6.5, respectively.

6.4 The Bauschinger effect
While the calculation of the  R value following the Cottrell scheme (Eq. (12)) is based on the
deviation from elasticity upon unloading, an alternative approach calculates the  R value at a
particular offset reverse strain (for example, at 0.1 or 0.2%). Bouaziz et al. [2] used an offset reverse
strain of 0.2% to evaluate the back stress contribution during the reverse shear testing of Fe–22Mn–
0.6C TWIP steel. Gutierrez-Urrutia et al. [68] applied the same approach to compare their results in an
analogous experiment. Although the offset reverse strain method is very sensitive to the value of the
chosen reverse strain [69], applying a 0.2% offset reverse strain to the current results returned a back
stress contribution which was ~20% of the maximum stress at the end of the first tension half cycle.
Alternatively, if the results in Refs. [2, 68] are extrapolated to the strain level employed in the present
work, a lower back stress contribution of ~10% is deduced.

6

These orientations are distributed in-between the 100 and 110 directions in the IPF (Fig. 2b).
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Regardless of the method used to estimate the back stress, the inherent assumption is that the  B
value is a reflection of the deformation microstructure at the maximum stress. Consequently, the
obstacle density accumulated at the maximum stress during forward loading is assumed to remain
unchanged during unloading or load reversal [69].
The Bauschinger effect observed in Ref. [2] was attributed to the high back stress generated by the
dislocation pile-ups at twin boundaries. Accordingly, Gil Sevillano [4] suggested a composite-type
deformation pattern such that back stresses proliferate as the thin twin lamellae reinforce the parent
austenite matrix. For the first tension half cycle, the low strain limit (1%) implies limited twinning.
Hence twinning alone cannot be responsible for the rather pronounced Bauschinger effect observed
upon load reversal. Moreover, the magnitude of the intergranular stresses is insufficient to account for
the large observed back stress as verified by the failure of the original EPSC model (which only
captures intergranular stress) to predict the macroscopic flow stress upon load reversal (Section 4.4
and Fig. 6f). Consequently, other intragranular sources of back stress should be present in the matrix.
The above statement is supported by TEM investigations conducted at the early stages of
deformation. During the monotonic tensile loading of Fe-30Mn-3Al-3Si TWIP steel, deformation was
dominated by stacking faults and dislocation arrays at 0.19% strain [70]. Thereafter, limited
deformation twinning was observed at 3% strain along with predominant planar and wavy
dislocations. Planar dislocation structures comprising pile-ups and stacking faults are also the
characteristic features in 316L austenitic stainless steel at tensile strains <1.5% [71]. During the
uniaxial cyclic loading (between ±0.4% strain) of low stacking fault energy Co-base superalloy, TEM
observations revealed extensive stacking faults and stacking fault intersections at the end of the third
cycle [72]. Rajan and Vandersande [73] pointed out that the stacking fault intersections can act as
effective barriers to dislocation motion in low stacking fault energy materials as dislocation pile-ups
were detected at these intersections. Accordingly, stacking fault intersections were suggested as a
major source of the back stresses encountered in low stacking fault energy single phase alloys [74]. A
similar rationale can be applied to the pronounced Bauschinger effect in the current TWIP steel.
In the literature, various dislocation models have been postulated to explain the nucleation of
deformation twinning in fcc materials [75]. One of these potential twinning mechanisms is the glide of
Shockley partial dislocations on successive {111} planes such that twinning proliferates when the
dissociated partial dislocations diverge from each other to an infinite separation distance [76]. The
separation distance (dPartial) depends on material parameters including the stacking fault energy (SFE),
elastic constants and the Burgers vector of the partial dislocations (bP) along with the magnitude and
direction of the shear stress (τP) applied on the partials. The effect of the shear stress on dPartial is
maximised when τP is normal to the Burgers vector of the original perfect dislocation such that the
partial dislocation separation distance is given by [76]:
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dPartial 

(2  3 ).GbP2
8 (1  )[SFE  ( P .bP /2)]

where, ν is the Poisson’s ratio, G is the shear modulus, bP  a

Eq. (16)

6 and a is the lattice parameter.

The effect of the shear stress on the partial separation distance is shown in Fig. 10 for the range of
stacking fault energies (15-30 mJ/m2) in TWIP steel. Here the infinite separation between the partials
is obtained when  P  2(SFE / bP ) ; which corresponds to a shear stress range of 180-380 MPa.
In order to convert the shear stress (τP) to normal stress, a weighted Schmid factor was calculated
for the 24 {111}112 partial slip systems averaged over all orientations of the initial experimental
texture. A Schmid factor of 0.46 was obtained; which results in a normal stress range of 390-825 MPa.
The predicted lower normal stress limit of 390 MPa is higher than the maximum stress during the first
tension half cycle and indicates that the partials maintain their finite separation distance.
It should be mentioned that the above calculated stresses are only rough approximations since the
actual shear stress acting on any particular dislocation will vary depending on its exact orientation
relationship with the Burgers vector [76]. Consequently, while the activation of twinning is not
negated, the calculation does imply that at the low strain levels of this study, the slip of dissociated
partials with finite widths contributes significantly to deformation accommodation. The proliferation
of these partials leads to the high density of stacking faults that have been frequently reported in the
literature as detailed above.
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Figure 10. The change in the separation distance of the partial dislocations with shear stress for the
range of stacking fault energies in TWIP steel.
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An additional source of the back stress associated with low stacking fault energy materials is the
energy storage from the stress-induced separation of partial dislocations [19]. It is argued that while
partial dislocations are pulled apart during forward loading, they tend to restore their equilibrium
separation distance upon unloading. In turn, the stored energy release and the change in slip direction
during load reversal can both contribute to the strain relaxation effects (see the anelastic response
during unloading in Fig. 3a).
In the following, the implications of the above experimental observations on the predictions of the
Bauschinger effect via Cases I to III are discussed. On comparing the predictions of Cases I and II of the
early yielding and the associated elasto-plastic transition upon load reversal (Fig. 6d), it is seen that
Case II follows the experimental macroscopic stress-strain curve more closely than Case I during
unloading. This better correspondence is ascribed to the stress relaxation effect incorporated in the
twinning scheme of Case II; as back stress is enforced between the parent and the twin upon the
creation of the latter.
The partial slip approach of Case III provides even better overall prediction during unloading as it
mimics the early reverse yielding of the experimental data (Fig. 6d). Here the improved agreement is
in accordance with the stress-induced separation of partial dislocations idea; as slip on the {111}112
systems is allowed to change direction during load reversal. The former idea rationalises the improved
prediction of Case III prior to twin formation, i.e., before the divergence of the dissociated partial
dislocations to an infinite separation distance (see Eq. 16).
Alternatively, following the initiation of twinning, the improved prediction of Case III raises the
possibility that de-twinning events associated with the reversibility of slip along the 112 direction
could also be occurring. In this regard, it is recalled that while Case I treats the {111}112 systems as
directional shear and Case II enforces the back stress between the twin and the parent grain, both
these cases lack the reversibility of slip along the 112 direction upon load reversal. Consequently,
Cases I and II do not account for the possibility of any de-twinning events.
With specific regard to de-twinning, it is emphasised that to the best of the authors’ knowledge, no
unambiguous observation of such event has been made in fcc materials. On the other hand, detwinning of tensile twins has been reported in the hexagonal close-packed (hcp) materials; Mg [25, 77]
and Zr [78] such that twins alternately disappear (or become narrower) and reappear during the
subsequent unloading and reloading, respectively. In hcp materials such an effect is made possible by
the nearly 90° twin-associated reorientation of the c-axis during tension which leaves the twinned
domain properly oriented for tension and de-twinning upon load reversal. On the other hand, in cubic
materials the reoriented domain is not as well oriented for twinning when stress is reversed. Detwinning was also observed during the cyclic loading of body-centered cubic Ti-V alloys and was
associated with an anomalous Bauschinger effect [79].
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In one of the only studies pointing out de-twinning in fcc materials, Doquet [80] detected
fragmented twins after reverse torsion of low stacking fault energy Co-33Ni alloy. Following Ref. [79],
Doquet argued that the observed twin fragmentation upon load reversal was due to the interaction
between dislocations and twins along the twin-matrix interface; which does not allow for the
homogenous de-twinning of the whole twin.
In summary, the improved prediction of the Bauschinger effect via Case III can be ascribed to the
stress-induced separation of partial dislocations. In addition, the simulation also introduces the
possibility that de-twinning mechanisms could be operative during load reversal. However, the
verification of the aforementioned mechanisms is beyond the scope of the present study as it needs
further investigation via TEM –based in-situ tensile testing.
While the reversibility of slip along the 112 direction allows Case III to return improved
predictions of the Bauschinger effect, the same reversibility (or the absence of directionality) is the
reason behind Case III failing to reproduce the observed tension-compression asymmetry (Figs. 3c
and 6e). This point is addressed in Section 6.5.

6.5 Tension-compression asymmetry and the permanent softening effect
As seen in Figs. 3a-c and reported previously during the cyclic deformation of Cu [81], Cu-Al [82]
and Cu-Zn alloys [83], asymmetry in the flow stress between tension and compression exists
regardless of the initial loading direction. Although a definitive explanation for the existence of
tension-compression asymmetry is still lacking in the literature, the phenomenon is expected in
materials that deform by twinning due to their inherently lower yield stress in uniaxial tension
compared to compression [84]. Using Bishop and Hill- type analysis, Hosford and Allen [84] concluded
that the yield stress should be 28% higher in compression compared to tension for randomly oriented
fcc polycrystals. Chin et al. [85] returned a 25% difference between compression and tension using
Taylor- type analysis.
Cases I and II predict the asymmetric behaviour between tension and compression very well as
they account for: (i) the irreversibility (or directionality) of twinning and, (ii) Schmid factor
considerations wherein not all the twinning systems activated during tension are activated during
compression [86].
On the other hand, Case III fails to capture the asymmetric behaviour between tension and
compression due to the reversibility (or the absence of directionality) of twinning. Since twinning is
mediated by Shockley partials as discussed above, this raises yet another intriguing question as to the
physical mechanism that justifies Shockley partials being activated in one direction but not in the
opposite direction.
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Irrespective of the slip being mediated by perfect or partial dislocations, it is noted that the
activation of slip generally follows a resolved shear stress (Schmid factor) law. The Schmid factor for
twinning is taken as the Schmid factor for the leading partial dislocation; the value of which is different
under tension and compression [87]. Thus, twinning in fcc materials occurs by shear in one direction
but not in the opposite direction. Kibey et al. [88] provided a physical mechanistic basis for the
twinning directionality following their ab initio density functional theory calculations. It was shown
that for the same final twin configuration, one shear direction is favoured over its opposite direction
due to the larger energy barriers associated with the unfavourable staking of atoms in the opposite
direction.
In the present experiment, forward tension followed by reverse compression was applied.
However, in order to negate the effect of load reversal, an EPSC simulation was performed with
forward compression followed by reverse tension using the initial experimental texture and the Case II
parameters listed in Table 37. As seen in Fig. 11a, higher flow stress during compression is predicted
irrespective of the forward-reverse loading path. While the first twinning system is activated during
forward tension at a tensile stress of 248 MPa at 0.29% strain, the first twinning activity is detected
during forward compression at a compressive stress of 297 MPa at 0.55% strain. Regardless of the
forward-reverse loading path, the relative system activity is similar; with limited twinning activity
noted during compression (Fig. 11b).
Another possible explanation for the observed tension–compression asymmetry could be the
combined influence of texture and the variation in the stacking fault energy with the direction of the
applied stress. The direction of the applied load along with the crystal orientation results in an
effective stacking fault energy during deformation due to the change in the equilibrium separation
distance between the partial dislocations. As illustrated by Karaman et al. [89], orientations close to

111 show a decrease in the effective stacking fault energy as the partials are pulled apart during
tension and pushed together during compression. The opposite trend is encountered in orientations
close to 100 . Consequently, in order to negate the influence of texture on the observed asymmetric
behaviour, a random texture was generated and an EPSC simulation was performed with forward
tension-reverse compression and forward compression-reverse tension using the Case II parameters
listed in Table 37. While the results are not shown, trends similar to those in Figs. 11a and b were
obtained. This indicates the minor effect of the bulk texture on the asymmetric behaviour and the
relative system activity for the employed strain levels of this study.
An additional point that is interrelated with the observed tension-compression asymmetry is the
absence of permanent softening after load reversal (Fig. 3). This result is different from earlier studies
on reverse shear testing where permanent softening was realised upon load reversal [2, 68]. It is noted
that in these reverse shear tests, relatively high strains were achieved. Therein the observed
7

Case I returned similar results and is therefore not shown here.
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Bauschinger effect was attributed mainly to twinning. In order to further examine the effect of loading
path on the flow stress, an additional EPSC simulation was performed by applying forward-reverse
shear strains equivalent to normal strains of ±1% using the Case II parameters listed in Table 3 6. The
predicted stress-strain curve is shown in Fig. 11c in terms of the equivalent normal stress (
  3  shear , where shear is the shear stress) and strain (    shear

3 , where  shear is the shear strain).

Interestingly, and similar to the forward compression-reverse tension scenario (Fig. 11a), the EPSC
simulations return permanent softening upon load reversal such that a lower flow stress is predicted
during reverse shearing (Fig. 11c). Both these results indicate that the observed permanent softening
is simply a geometrical and loading path effect rather than being a reflection of the microstructural
state or the back stress in the matrix. This is also in agreement with El-Danaf et al. [90] who pointed
out that unlike the case of uniaxial loading, the twinning systems during simple shear are mainly
coplanar with the primary slip systems such that they do not hinder/obstruct dislocation motion as
effectively in the latter deformation mode.
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(a)

(b)

(c)
Figure 11. The EPSC predictions comparing the (a) macroscopic stress-strain and (b) relative system
activity in forward tension-reverse compression (TC) and forward compression-reverse tension (CT)
loading paths for one cycle. The compressive stress is represented as an absolute stress (|σ|). (c) The
EPSC simulation of the macroscopic stress-strain during forward-reverse shear up to an equivalent
normal strain of ±1%. In (c), the shear stress is shown as an equivalent normal stress and the shear
strain is shown as an equivalent total macroscopic normal strain. The dashed line is an EPSC
simulation during forward shear up to a strain equivalent to the total macroscopic strain achieved
during reverse shear.
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7. Conclusions
In-situ neutron diffraction and EPSC modelling of fully annealed TWIP steel subjected to uniaxial
cyclic (tension-compression) loading was undertaken between strain limits of ±1%. The results show
that:
(1) The pronounced Bauschinger effect observed upon load reversal (or the early yielding during
unloading) is due to a combination of the intergranular residual stresses and the intragranular sources
of back stress such as dislocation pile-ups at the intersections of stacking faults. The formation of such
stacking faults is promoted by the low stacking fault energy of the present TWIP steel.
(2) The {200} grain family has the highest intergranular lattice strains that follow the sign of the
loading direction with tensile and compressive strains during the tension and compression half cycles,
respectively. These lattice strains tend to level-off after the third loading cycle due to the saturation of
elasticity effects. Alternatively, while smaller intergranular lattice strains develop in the {220} grain
family, their sign is opposite to the loading direction such that the so-generated residual stress will aid
yielding upon load reversal.
(3) The present experimental data generally supports the assumption of a combined isotropickinematic hardening description in simulating the macroscopic stress-strain response and the
evolution of lattice strains during the cyclic loading of low stacking fault energy materials that deform
via perfect/partial slip and twinning.
(4) The Bauschinger effect predicted via Case III returns the best agreement with the experimental
data as it accounts for the reversibility of partial slip in the 112 direction. This result indicates the
important contribution of the stress-induced separation of partial dislocations to the Bauschinger
effect at the low strain levels employed in this study. It also raises the possibility that de-twinning
events could be operative during load reversal.
(5) While Case III provides the best prediction of the Bauschinger effect, it fails to reproduce the
experimentally observed tension-compression asymmetry. On the other hand, this asymmetry is
satisfactorily captured by Cases I and II as they both account for the irreversibility (or directionality)
of twinning as well as Schmid factor considerations. It follows that irrespective of the initial loading
direction; Cases I and II expectedly predict lower twinning activity during the compression half cycles.
(6) By changing the loading direction (compression-tension) and the loading path (forward-reverse
shear), permanent softening was predicted upon load reversal. For the strain limits investigated in the
current study, both simulations indicate that such permanent softening is a geometrical or
deformation path effect rather than being a reflection of the actual microstructural state.
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Chapter 6
Microstructure and texture evolution in a
TWinning Induced Plasticity steel during uniaxial
tension

Article below removed for copyright reasons, please refer to the citation:
A. A. Saleh, E. V. Pereloma, A. A. Gazder (2013). “Microstructure and texture evolution in a
TWinning Induced Plasticity steel during uniaxial tension”, Acta Materialia 61: 2671-2691.

Abstract:
A combination of electron back-scattering diffraction and X-ray diffraction was used to track the
evolution of the microstructure and texture of a fully recrystallized Fe–24 Mn–3 Al–2 Si–1
Ni-0.06 C twinning-induced-plasticity steel during interrupted uniaxial tensile testing. Texture
measurements returned the characteristic double fibre texture for face-centred cubic materials,
with a relatively stronger <111> and a weaker <100> partial fibre parallel to the tensile axis.
The interaction with the stable <111> oriented grains results in preferential plastic flow in the
unstable <110> oriented grains. Consequently, the grains oriented along the <110> and <100>}
fibres record the highest and lowest values of intragranular local misorientation, respectively.
The viscoplastic self-consistent model was used to simulate the macroscopic stress–strain
response as well as track the evolution of bulk crystallographic texture by detailing the
contributions of perfect and/or partial slip, twinning and latent hardening. The simulations
revealed the dominant role of perfect slip and the limited volume effect of twinning on the
texture development. The effects of initial orientation and grain interaction on the overall
orientation stability during uniaxial tension showed that while the <100> fibre remains stable
and does not affect the unstable orientations along the <110> fibre, the orientations along the
stable <111>} fibre strongly affect the unstable <110> orientations.

Chapter 7
On the feasibility of twinning nucleation via
extrinsic faulting in twinning-induced plasticity
steel

Article below removed for copyright reasons, please refer to the citation:
A. A. Gazder, A. A. Saleh, E. V. Pereloma (2013). “On the feasibility of twinning nucleation via
extrinsic faulting in twinning-induced plasticity steel”, Scripta Materialia 68: 436-439.

Abstract:
Schmid’s law is used to predict the tendency of different grain orientations to deform via perfect
slip, twinning, intrinsic and extrinsic faulting in a twinning-induced plasticity steel subjected to
uniaxial tension. While the Schmid factors for twinning and intrinsic faulting are equivalent, the
present analysis underscores the feasibility of twin nucleation at high strains via extrinsic
faulting in the near-<100>-oriented grains that are nominally regarded as being unfavourably
oriented for twinning.

Chapter 8
Synopsis and future work

This study investigates the recrystallisation and deformation behaviour of cold-rolled
and isochronally annealed Fe-24Mn-3Al-2Si-1Ni-0.06C TWinning Induced Plasticity
(TWIP) steel. This chapter summarises the main conclusions and the contributions to the
original knowledge. Potential directions for future research are also suggested.

8.1. Conclusions
Isochronal annealing for 300 s after 42% cold rolling reduction of the investigated
TWIP steel shows dominant recovery at 600°C (16% softened fraction) followed by the
rapid progression of recrystallisation. The process of recrystallisation is nearly completed
at 850°C with an obtained softened fraction of 96%. Analysis of the stress (σ)-strain (ε)
behaviour during uniaxial tensile testing returned three and four work hardening regions
for the recovered and partially recrystallised samples, respectively. The difference in the
two cases is attributed to the relative ease of twin formation with increasing annealing
temperature and grain size. While Ludwigson modified the Hollomon equation to account
for the deviation from ln(σ)-ln(ε) linearity at lower strains, the present study suggests a
further modification to account for deviations from linearity occurring at higher strains.
The latter deviation occurs as a result of the evolution of deformation twins and
dislocation cells/substructures with progressively increasing strain. With regard to the
mechanical properties of the recovered and partially recrystallised samples, the modified
Hall-Petch equation successfully couples the 0.2% proof stress values with the
strengthening contributions of the low angle grain boundary (LAGB) and the total high
angle grain boundary (THAGB) obtained via EBSD. The predicted proof stress values are
within a ±5% range of error compared to their experimental counterparts.
While the bulk texture analysis returned the characteristic α-fibre of low stacking fault
energy materials, higher intensities were noted for the Goss ( {110}001 ) compared to the
Brass ( {110}112 ) orientations. The composite slip/twin deformation pattern for the
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development of Brass type texture is corroborated by the relatively random spatial
distribution of twinned and untwinned grains seen in the deconstructed cold-rolled EBSD
maps. The deconstructed cold-rolled maps suggest an important contribution of slip to the
evolution of the Brass orientation. Local micro-texture observations also point to the
possible contribution of micro shear banding to the development of the Brass orientations.
Despite the concurrent activation of various deformation modes (slip, twinning and
micro shear banding) during cold rolling, the deformation microstructure is relatively
homogeneous. This results in a uniform distribution of nucleation sites and nearly sitesaturated nucleation; as indicated by the observation of initially high and subsequently
declining nucleation density during the course of recrystallisation. The relative
homogeneity of the microstructure is also reflected in the resemblance between the
orientations of the newly nucleated grain and the deformed matrix.
Annealing twins contribute to recrystallisation right from the early nucleation stage - as
nucleation events in the form of twin bulges at grain boundaries and twin-related nuclei
were observed after annealing at 600 °C. The population of annealing twin boundaries
increases with the progress of recrystallisation to ~50% of the total grain boundaries area
fraction. It follows that annealing twinning also contributes to the end-recrystallisation
textures due to the proliferation of orientations that are twin-related to the original cold
rolling texture.
Two previously unobserved recrystallisation orientations in TWIP steels are: (i) the F
component F ( {111}112 ) which is ascribed to the relatively homogeneous distribution
of nucleation sites, and (ii) the Rotated Copper ( {112}011 ) component. The emergence
of the latter component in the bulk texture (Chapter 3) was attributed to two possibilities;
the second order twinning of the A ( {110}111 ) orientation and/or the 30° 111
favourable growth relation with the Brass rolling orientation. However, the absence of a
size advantage for the {112}131 orientations (which is close to the Rotated Copper in
orientation space) during the micro-texture analysis of Chapter 4 negates the possibility of
favourable growth and emphasises the role of second order twinning during
recrystallisation.
Furthermore, examination of the grain boundary character and micro-texture at the
common interface between the newly nucleated and unrecrystallised fractions returned a
relatively high fraction of low mobility LAGB and twin boundaries. This alludes to
orientation-dependent, stored energy considerations such that newly nucleated grains
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with orientations that inherently possess locally higher stored energies will have a growth
advantage in order to maximise the energy release.
Self-consistent models have been effectively used in the present study such that along
with the in-situ neutron diffraction during cyclic loading and the EBSD and XRD during
interrupted tensile testing, the EPSC and VPSC models were applied to elucidate the
contribution of various deformation mechanisms (perfect and/or partial slip and
twinning) to the deformation accommodation. Three general modelling cases were
adopted and their successes and failures are summarised below along with the relevant
experimental observations.
During the uniaxial cyclic (tension-compression) loading of a fully annealed TWIP steel
between strain limits of ±1%, a pronounced Bauschinger effect was observed upon load
reversal (or the early yielding during unloading) and ascribed to a combination of the
intergranular residual stresses and the intragranular sources of back stress such as
dislocation pile-ups at the intersections of stacking faults. With regard to the intergranular
lattice strains, the {200} grain family were found to have the highest intergranular lattice
strains that follow the sign of the loading direction with tensile and compressive strains
during the tension and compression half cycles, respectively. Thus, the aforementioned
residual strains do not assist yielding upon load reversal. On the other hand, while smaller
intergranular lattice strains develop in the {220} grain family, their sign is opposite to the
loading direction such that the so-generated residual stress will aid yielding upon load
reversal. As verified by the failure of the original EPSC model (which only accounts for
intergranular stresses) to capture the early yielding and the extended elasto-plastic
transition upon load reversal, both intergranular and intragranular stresses are needed to
account for the experimental observations. In this regard, the present in-situ data set
corroborates the assumption of a combined isotropic-kinematic hardening description in
simulating the macroscopic stress-strain response and the evolution of lattice strains
during the cyclic loading of TWIP steel or any low stacking fault energy materials that
deform concurrently via perfect and/or partial slip and twinning. The ability of the three
employed modelling cases to reproduce the macroscopic behaviour was assessed via two
main experimental features: (i) the Bauschinger effect and, (ii) the tension-compression
asymmetry.
The Bauschinger effect predicted via Case III returns the best agreement with the
experimental data as it accounts for the reversibility of partial slip in the 112 direction.
This result indicates the important contribution of the stress-induced separation of partial
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dislocations to the Bauschinger effect at the low strain levels employed in this study. It
also raises the possibility that de-twinning events could be operative during load reversal.
On the other hand, Case III fails to reproduce the experimentally observed tensioncompression asymmetry as it does not account for the irreversibility (or directionality) of
twinning. Since Case I (directional slip) and Case II (twinning scheme) account for the
irreversibility of twinning as well as Schmid factor considerations, they both well capture
the observed asymmetric behaviour.
For the strain limits investigated in the present work, compression-tension and
forward-reverse shear simulations indicate that the permanent softening frequently
reported with the Bauschinger effect is a geometrical or loading path effect rather than
being a reflection of the actual microstructural state. Thus, care should be taken when
inferring the Bauschinger effect parameter from the measurements of permanent
softening.
Bulk texture measurements during interrupted uniaxial tensile testing of a fully annealed
TWIP steel returned the characteristic double fibre texture for fcc materials with relatively

stronger 111 and weaker 100 partial fibres parallel to the tensile axis. Selected area
EBSD mapping during interrupted tensile testing returned orientations along the 110
fibre with the highest values of local misorientation due to the grain-to-grain interaction
between the stable 111 orientations and the unstable 110 orientations. Schmid factor
analysis indicates the possibility of extrinsic stacking faults acting as twin nuclei at high
strains in the near- 100 -oriented grains that are nominally regarded as being
unfavourably oriented for twinning. Similar to the above approach with the EPSC model,
the VPSC model was used to evaluate the contributions of perfect and/or partial slip,
twinning and latent hardening to the texture development. The VPSC simulations revealed
the dominant role of perfect slip and the limited volume effect of twinning in the texture
formation. The possibility of latent hardening on both, non-coplanar slip and twin systems
is shown to be feasible during uniaxial tension. While the partial slip scheme was
successful with regard to the Bauschinger effect predictions at low strains, it fails to
reproduce the experimental texture at high strains. Lastly, the stability of various
orientation subjected to uniaxial tension was examined via the VPSC model. The
simulations predictions can be generally classified as follows: (i) stable orientations along
the 100 fibre which do not strongly interact with or affect other orientations, (ii) stable
orientations along the 111 fibre which strongly interact with other unstable
orientations, and (iii) unstable orientations along the 110 fibre whose reorientation is
accelerated as a result of their interactions with the orientations along the 111 fibre.
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8.2. Contributions to original knowledge
Applying various experimental and modelling techniques, the present study furthers
the understanding of the recrystallisation and deformation behaviour of low stacking fault
energy materials in general and TWIP steels in particular. The original contributions of
this study are summarised as follows:


This is one of the first studies to provide a comprehensive analysis of the
applicability the Holloman and Ludwigson empirical stress-strain relations in TWIP
steels. Details regarding the physical interpretation of their parameters and their
ability to simulate mechanical strengths are delineated. The suggested modification
of the Hollomon equation allows for a correlation with the relative ease of twin
formation upon straining. The individual strengthening contributions of low and
high –angle grain boundaries to the 0.2% proof stress are also evaluated by the
modified H-P equation.



This is one of the first studies to assess the effects of slip and twinning on the cold
rolling texture by correlating bulk (XRD) and micro (EBSD) –textures. Details
regarding the role of annealing twinning from the early nucleation stage to the
generation of various texture orientations during late-stage recrystallisation have
been outlined.



For the first time, novel deconstruction techniques have been applied to the coldrolled and partially recrystallised EBSD maps of TWIP steel. With regard to the
cold-rolled condition, the formation of the cold-rolling texture via the composite
slip/twin deformation pattern is corroborated by the relatively random spatial
distribution of twinned and untwinned grains. For the partially recrystallised
microstructures, the orientations of the newly nucleated grains were similar to the
original cold-rolled texture. The subsequent growth of recrystallised grains is found
to be affected by second-order twinning as well as orientation-dependent, stored
energy considerations.



The present study is the first to characterise the Bauschinger effect in TWIP steel
using in-situ neutron diffraction. It is also the first time that the modified EPSC
model is applied on a low stacking fault energy, fcc material where both, slip and
twinning are concurrent. The various deformation accommodation modes in TWIP
steel have been analysed such that in addition to perfect slip, deformation twinning
and deformation faulting or slip by partials are also considered in the EPSC model.
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The influence of the above mechanisms on the main aspects of the macroscopic
response during cyclic loading (i.e., the Bauschinger effect and the tensioncompression asymmetry) has been detailed. The effect of the initial uniaxial loading
direction and the influence of the loading path on the permanent softening effect
for the strain levels used in the present study have been also delineated.


This is one of the first studies on TWIP steels that correlate the development of the
intragranular local misorientation in the orientations along the various
crystallographic fibres via EBSD. It underscores also the feasibility of twinning
nucleation via extrinsic faulting at high strains in orientations with low Schmid
factors for twinning. In contrast to the rather limited correspondence between the
experimental and simulated results achieved in earlier self-consistent studies, the
present modelling work is the first to successfully employ the VPSC model to
simulate the macroscopic stress-strain response and the texture evolution during
the uniaxial tensile loading of TWIP steel. It is also the first study that assesses the
contribution of perfect and/or partial slip, twinning and latent hardening to the
uniaxial tension texture evolution in TWIP steel. The VPSC model has been used to
examine the influence of the grain-to-grain interaction on the deformation of the
110 fibre in terms of their higher local misorientation values (detected via EBSD)

and their orientation stability (or rotation behaviour) during tension.
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8.3. Future work
In the present study, local selected EBSD maps of cold-rolled grains allowed for the
correlation between micro-texture and microstructural features such as twinning and
micro shear banding. While such observations only serve as examples, a better
understanding of the evolution of the cold rolling texture can be achieved through
systematic analysis of a statistically representative number of grains. Here interrupted
channel die compression testing combined with EBSD mapping [1] can be used to track a
set of grains at progressively increasing strain levels. Additionally, as the VPSC model was
used here for uniaxial tension, it can also be re-applied to examine the stability (or
rotation behaviour) of various orientations when undergoing plane strain compression.
The composite deformation pattern suggested in [2] to explain the cold rolling texture
of low stacking fault energy materials was corroborated in Chapter 4 by the relatively
random spatial distribution of twinned and untwinned grains. In this context, the VPSC
model can be used to mimic such deformation pattern formation. As suggested in [3], the
initial grain population can be sub-divided into twinned and twin-free grains with the
latent hardening imposed only on the twinned grains. This would allow for higher slip
activity in the twin-free grains as postulated in the composite deformation pattern [2].
The improved EPSC model prediction of the Bauschinger effect (or the early yielding
during unloading) via the partial slip scheme was ascribed to the stress-induced
separation of partial dislocations. The modelling also introduced the possibility that detwinning mechanisms could be operative during load reversal. The verification of the
aforementioned mechanisms needs further investigation via TEM –based interrupted
tensile testing.
Further TEM characterisation can be also undertaken to correlate the stacking fault
character (intrinsic versus extrinsic) with the crystallographic orientation and the
imparted strain level. Coupled with in-situ tensile testing, TEM can provide more profound
understanding of the mechanisms leading to twin nucleation.
The tension-compression asymmetry observed in the present study during cyclic
loading between strain limits of ±1% could be further investigated at higher strains as the
strain hardening following load reversal dictates the springback behaviour for sheet
forming operations. In this regard, while the strain limit examined here was restricted due
to buckling considerations, a tension-compression device similar to that conceived in
Boger et al. [4] can be used to achieve compressive strains >20% without buckling. EPSC
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simulations of cyclic loading at higher strain limits would require further modification in
the EPSC model in order to account for the dislocations that are tangled or locked by
deformation-induced microstructures at higher strains [5].

145

Chapter 8

References
[1] Merriman CC, Field DP, Trivedi P. Mat. Sci. Eng. A 2008;494:28.
[2] Leffers T, Bilde-Sørensen J. Acta Metall. Mat. 1990;38:1917.
[3] Lebensohn RA, Tomé CN, CastaÑeda PP. Phil. Mag. 2007;87:4287.
[4] Boger RK, Wagoner RH, Barlat F, Lee MG, Chung K. Int. J. Plast. 2005;21:2319.
[5] Beyerlein IJ, Tomé CN. Int. J. Plast. 2007;23:640.

146

Appendix I
Evolution of microstructure and mechanical
properties during annealing of cold rolled
Fe-24Mn-3Al-2Si-1Ni-0.06C TWIP steel
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Abstract. TWinning Induced Plasticity (TWIP) steels have been recently developed as a promising
material for automotive applications. In the present work the recrystallisation behaviour of 42%
cold-rolled Fe-24Mn-3Al-2Si-1Ni-0.06C TWIP steel was investigated during isochronal annealing
for 300s via microhardness testing, Electron Back-Scattering Diffraction (EBSD) and uniaxial
tensile testing. EBSD internal misorientation data corroborates recrystallised fraction estimates
from microhardness measurements. Annealing twins play an important role during recrystallisation
by bulging at the deformed grain boundaries during nucleation and generating twin related
orientations. During uniaxial tension, the recovered condition recorded three work hardening
regions while all partially recrystallised samples exhibited four regions. A modified Hollomon
scheme is suggested to account for the effect of strain on microstructure refinement.
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Texture evolution during recrystallisation of
cold rolled TWIP steel
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Abstract. A TWinning Induced Plasticity (TWIP) steel was cold rolled to 42% thickness reduction
followed by isochronal annealing for 300 s between 600-850 °C. Bulk texture evolution during
recrystallisation was investigated by X-Ray Diffraction. While the development of the α-fibre after
cold rolling is typical of low stacking fault energy materials, anomalously higher intensities were
noted for the Goss ({110}<001>) compared to Brass ({110}<112>) orientations. Upon
recrystallisation, the main rolling texture components were retained and ascribed to nucleation at
orientations close to those of the deformed matrix followed by annealing twinning which leads to
crystallographically identical variants. Unlike previous texture investigations on austenitic steels,
the relatively homogeneous deformation microstructure and uniform distribution of subsequent
nucleation sites led to the retention of the F ({111}<112>) orientation. Moreover, the firsthand
observation of the Rotated Copper ({112}<011>) orientation in TWIP steel is attributed to the
second order twinning of the A ({110}<111>) orientation.
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